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Abstract

Magnesium (Mg) alloys have emerged as potential candidate materials for construction of
biodegradable temporary implant devices particularly due to advantages of favourable
mechanical properties, biodegradability and biocompatibility. However, the poor corrosion
resistance of Mg alloys in the physiological environment presents a major challenge to their
use as biodegradable temporary implants. Furthermore, complex interaction of mechanical
loading and aggressive physiological environment may often pose a considerable risk of
premature failure of implant devices before expected service life due to the phenomenon of
environmentally assisted cracking, i.e. stress corrosion cracking (SCC) and corrosion fatigue.
Therefore, it is essential to evaluate the mechanical integrity of Mg alloys before they can be
put to actual use. Accordingly, this study has attempted to establish a mechanistic
understanding of SCC of one of the most common magnesium alloys, AZ91D and a few
novel aluminium-free magnesium alloys, ZX50, WZ21 and WE43 in the simulated body
environment. The SCC susceptibility of the alloys in a simulated human body fluid was
established by slow strain rate tensile (SSRT) testing using smooth specimens under different
environmental conditions that could mechanistically confirm the occurrence of SCC.
However, to assess the life of the implant devices that often possess fine micro-cracks, SCC
susceptibility of notched specimens of AZ91D was investigated by circumferential notch
tensile (CNT) testing to generate important design data (i.e. threshold stress intensity for SCC
(Kisce) and SCC crack growth rate). The SCC susceptibility of the alloys was confirmed by
fractographic features of transgranular and/or intergranular cracking. This study also
investigated the role of novel biocompatible graphene-calcium carbonate coating in improving
the corrosion/SCC resistance of AZ91D alloy as well as in promoting the in-situ

biomineralization of bone apatite in the physiological environment.
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Chapter 1

1. Introduction

Traditional biomedical metallic materials such as stainless steels, cobalt-chromium alloys and
titanium alloys have been widely used in implant applications because of their superior
strength, ductility and corrosion resistance [1]. However, when these traditional alloys are used
as temporary implant devices, e.g. plates, screws, cardiovascular stents and wires, a second
surgery is required to remove the implants after tissues have healed. Besides the cost of this
surgical procedure and inconvenience to patients, traditional alloys also cause local
inflammation due to potential release of cytotoxic ions [2-4]. It would be very advantageous if
a temporary implant material that degrades in the physiological environment after the
completion of healing process could be identified, as this would obviate the need for the
second surgical procedure [1, 5]. In this regard, magnesium (Mg) alloys have emerged as
potential candidates for construction of biodegradable temporary implant devices because they
can naturally degrade in the physiological environment due to their high electrochemical
activity (standard reduction potential of Mg is —2.4 V vs. standard hydrogen electrode (SHE)
[6]). Unlike traditional implant materials, the mechanical properties of Mg are suitable for
implant applications: they possess low density (p) = 1.74-2.0 g cm > and elastic modulus (E) =
41-45 GPa, both of which are similar to these properties of human bones [1]. Hence the
problem of stress shielding, which is caused due to the mismatch in the elastic modulus
between natural bone and implant, can be mitigated if Mg and its alloys are deployed as
implant materials [1, 7, 8]. More importantly, Mg is also vital in human metabolism processes

and has been shown to increase the rate of bone formation [9-11].

In spite of the highly advantageous properties of Mg and its alloys, they have rarely been used

as human body implants. The major drawback in the use of Mg alloys as implants is their



tendency to corrode very quickly in the physiological environment (that has a pH = 7.4-7.6)
[1, 8, 12-16], thereby losing their mechanical integrity before the end of desired service life.
Implant devices often experience considerable loading during service. The synergistic
presence of mechanical loading combined with the corrosive environment of human body fluid
may pose serious complications involving sudden fracture of implants due to stress corrosion
cracking (SCC). SCC is an embrittlement phenomenon that can occur even at stresses below
yield strength, leading to a premature brittle failure. Brittle cracks generally initiate at
locations with sharp contours such as the root of a corrosion pit. Pre-existing
macro/microscopic flaws (such as those developed during fabrication) can also markedly
increase the probability of premature SCC-induced failures. SCC is therefore a serious concern
when deploying implant devices comprising Mg alloys because: (a) common temporary
implant devices (such as screws, stents, pins and plates) possess sharp contours and (b) Mg
alloys readily suffer pitting in chloride solutions (pits are common crack initiators) [16, 17].
Indeed, Mg alloys have been reported to be susceptible to SCC in chloride solutions [18, 19],
but it is also relevant to note that the traditional metallic implants (stainless steels and titanium
alloys) have suffered premature, sudden and catastrophic SCC fracture in the physiological

environment during service periods [20, 21].

Most studies on the deployment of Mg alloys as implant materials have aimed at improving
their corrosion resistance in the physiological environment [22-25]. The literature on
mechanical integrity/SCC behaviour of Mg alloys in the human body environment is generally
limited to a few preliminary investigations [16, 26, 27]. Therefore, this study aims to establish
a mechanistic understanding of SCC of rapidly corroding magnesium alloys (AZ91D and
Mg3Znl1Ca) using slow strain rate tensile (SSRT) testing under different electrochemical
conditions in the physiological environment of modified-simulated body fluid (m-SBF).
However, for an alloy conducive to SCC, it is extremely important to determine the likelihood

of an existing flaw (micro-crack, pit, sharp contour etc.) to grow as a stress corrosion crack,



i.e. threshold stress intensity for SCC (Kscc) as well as the crack growth rate, for predicting
life of an implant device when exposed to corrosive environments. In this study, a simple and
recent fracture mechanics-based technique has been employed for determination of Kscc of

AZ91D in the m-SBF solution (Chapter 4).

It is highly unlikely that AZ91D alloy will be used for implant applications because it contains
a considerable amount of aluminium (Al), which is known to cause various neurological
disorders such as dementia and Alzheimer’s disease [28]. Accordingly, there has been an
increasing interest in Al-free magnesium alloys as construction material of implant devices for
short-to-medium term applications [29-32]. However, it has not yet been established whether
these alloys possess the desired resistance to cracking under the simultaneous influence of
mechanical loading and corrosive human body fluid. In this study, Al-free biodegradable
magnesium alloys ZX50, WZ21 and WE43, specially designed for cardiovascular stent and
temporary orthopaedic implant applications [32-34], have been evaluated for their resistance to

SCC in the physiological environment (Chapter 5).

Localized corrosion and/or pitting of Mg alloys in aqueous environments have been suggested
as prime factors in causing SCC [35, 36]. This thesis also reports an economical route for
depositing a graphene-calcium carbonate (CaCQOg3) coating on a Mg alloy, which is aimed at
achieving uniform and homogenous degradation (avoidance of localized corrosion/pitting, thus
possibly the enhanced mechanical integrity) and improving biocompatibility. Thorough
analytical and electrochemical investigations have been performed for a comprehensive
understanding of degradation Kinetics of the coating. Further, the role of the coating in
providing improved biocompatibility and mechanical integrity of a Mg alloy in m-SBF

solution has been discussed and explained (Chapter 6).






Chapter 2

2. Literature review

2.1 Implant devices

Human longevity has considerably improved in last century with significant advances in the
field of medical science. The most notable improvements include development of implant
devices since clinical cases requiring medical implants are increasing with desire for an active
lifestyle and aging of the population. Implants are artificial devices used in the human body for
repairing fractured bones and restoration of any impaired physical functions [37, 38]. Implant
devices support the living tissues until full regeneration or healing is completed. Common use

of implant devices can be varied based on the following requirements [39]:

1. To aid in healing process of tissues by using plates, rods and screws for the
stabilization of fractured bones;

2. To improve the function of an organ or other parts of the body;

3. To correct a deformity, such as abnormal spinal curvature; and

4. To replace a damaged, diseased or worn part of the anatomy such as damaged arthritic

joints or malfunctioning heart valves.

Since implant devices are employed in the physiological environment, they must satisfy
certain requirements, which include: (1) excellent biocompatibility, requiring an adequate
biological response, (2) sufficient mechanical properties, i.e. strength to hold or support the
injured body part/tissues, and (3) excellent resistance to corrosion and fatigue, without

releasing potentially harmful degradation by-products into the physiological system [40, 41].



A few most common implant devices used in orthopaedic and cardiovascular applications
include shoulder implants (Fig. 2.1a), knee prostheses (Fig. 2.1b), hip implants (Fig. 2.1c) and
stents (Fig. 2.1d). Most of the orthopaedic fracture fixation and cardiovascular implants for
load bearing applications are manufactured using alloys, viz., stainless steels, cobalt chromium
(Co-Cr) and titanium (Ti) alloys [5, 39-43]. The traditional implants of stainless steels, Ti and
Co-Cr alloys are commonly used in medical applications primarily owing to their excellent
mechanical and corrosion properties [1]. These materials for construction of implant devices
are also expected not to cause any cytotoxicity [44]. However, there are considerable reports to
suggest that the presence of these traditional implant devices may have adverse effects on
adjacent human tissues due to release of toxic ions or corrosion products in the physiological
system [2-4, 45-48]. Also, conventional metallic stents used in cardiovascular surgeries can
cause thrombogenicity, permanent physical irritation, chronic inflammatory local reactions
[14, 49]. Moreover, when these traditional alloys are used as temporary implant devices, such
as plates, screws and wires, a second surgery is often required to remove the implant after
tissues have healed, thereby increasing healthcare costs and patient morbidity [1, 50]. The
removal of these permanent implant devices becomes essential after the healing process
completes since they remain as an obstruction in the human body and also have an inability to

adapt with growth of the human body.

(a) (b)

Fig. 2.1. Most common implant devices used in load bearing applications: (a) shoulder

implant (b) knee prostheses (c) hip implant and (d) coronary stent [51]



Additionally, difference in the mechanical properties of the present implant materials and the
bone can cause stress-shielding effects, leading to a reduction in strength of the adjacent
tissue/bone [40, 52, 53]. It is suggested that the bone develops and remodels in response to the
experienced load and requires a minimal time-averaged stress in order to maintain its mass
[40]. If the stress falls below this threshold level, bone will be lost. If the stress increases

beyond this threshold, bone will be added until the stress experienced returns to desired level.

Stress shielding occurs when the stress in bone is reduced below its maintenance threshold as a
result of the very high mechanical properties of an implanted structure. Fig. 2.2a shows a
radiograph of a femur in which significant bone loss has occurred around the proximal end of
the implant (indicated by circled areas), with stress shielding being one of the underlying
causes [40]. In many hip implant designs, while the stress in the bone in the proximal region of
the implant is reduced, an increase in stress is seen in distal regions. This results in deposition

of additional bone due to increased stress transfer in distal region, as shown in Fig. 2.2b.

Fig. 2.2. Radiographs of hip implants showing changes in bone mass resulting from stress
shielding around an implant: (a) bone loss at the proximal region, and (b) proximal bone loss
(indicated in the circled regions at the edge of the prosthesis) is accompanied by increased

bone deposition (indicated by the rectangle) in the distal region of the implant [40]



The drawbacks/problems associated with the traditional temporary implant materials could be
overcome with the use of biodegradable implant materials. Hence, a continuous effort has been
made in exploring the possible materials for use as biodegradable temporary implant devices.
During tissue healing process, temporary biomaterial can gradually lose its mechanical
property by continuing degradation process (Fig. 2.3) [54]. Degradable implants thereby

prevent the need for a second operation for patients after tissues have completely healed.
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Fig. 2.3. Gradual loss of mechanical integrity of a temporary or biodegradable implant while

the surrounding tissue is regaining mechanical strength [54]

In recent times, polymer-based biodegradable and bioresorbable implant devices are
commercially available with poly-glycolic acid (PGA), poly-lactic acid (PLA) and poly-
dioxanone (PDO) being the most commonly used absorbable materials [55, 56]. However, the
use of biodegradable polymers in load bearing applications has been limited owing to their
inadequate mechanical properties [1]. Nevertheless, biodegradable metallic materials have an
advantage of desirable mechanical properties (such as favourable mechanical strength and
fracture toughness) over existing biodegradable materials (i.e. polymers, ceramics or bioactive

glasses) in load bearing implant applications [5, 57]. Accordingly, the requirement of a



biodegradable material with improved mechanical properties and controlled degradation in the
body without releasing any harmful by-products into physiological system has lead to

increased research interest on magnesium (Mg) and its alloys.

2.2  Magnesium alloys as biodegradable temporary implant

Magnesium (Mg) and its alloys have been researched extensively because of their
extraordinary potential in engineering and structural applications [57]. Besides being one of
the lightest engineering alloys, they also have high strength-to-weight ratio [57, 58]. They
possess a great future in automotive, aerospace and defence industries giving the advantage of
reduced mass, while offering good mechanical and physical properties, thus improving the fuel

consumption efficiency.

In recent times, Mg and its alloys have also attracted a significant research interest as materials
for construction of biodegradable temporary implant devices in biomedical applications. This
interest is particularly due to a few of their beneficial properties including excellent
biocompatibility, favourable mechanical properties and biodegradability [1]. The advantages

of using Mg and its alloys as biodegradable materials are discussed below in detail.

Advantages:

1. Biocompatibility and osteogenesis
As discussed earlier, the current biomaterials, i.e. Ti alloys, Ni-based alloys, Co-Cr alloys
and stainless steels, may exhibit detrimental response to the adjacent tissues due to possible
release of toxic metallic ions and/or particles through corrosion or wear processes, thus
reducing biocompatibility and causing tissue loss and potential health risks [2-4, 45-48]. In
contrast, Mg is biocompatible [1, 7, 59, 60] and has been shown to facilitate new bone

formation [59, 61]. Mg ions are the fourth most abundant cations in the human body



(human body: Ca > K > Na > Mg) [9]. The average adult body contains approximately 21—
28 g (about 1 mole) of Mg, with approximately half of it stored in bone tissues [62]. The
normal dietary requirement of Mg for an adult is 300-400 mg/day [1]. Mg is also essential
for human metabolism as a cofactor for many enzymes [9, 10], and for normal neurological
and muscular functions [63]. Unlike traditional implant materials, the degradation products
of Mg are not toxic to the human physiology. In fact, Mg ions that are produced as a result
of degradation are reported to aid the growth and healing of tissues [1]. Further, any excess

Mg is harmlessly excreted in the urine [10].

Biodegradability and avoidance of second surgery

As mentioned earlier, a second surgery is generally required to remove the implants after
completion of tissue healing in the application of commonly used metallic materials for
temporary implant purpose, which adds to extra troubles to patients and additional costs.
However, Mg is highly electrochemically active and corrodes in aqueous environments,
including physiological solutions [6, 64-66]. In the use of Mg alloys as temporary
implants, the susceptibility of Mg to rapid electrochemical dissolution (corrosion) can be
advantageously exploited, i.e. the Mg alloy will dissolve away after performing its
function. Thus, the use of Mg alloys in temporary implant applications may obviate the

need for second surgery.

Favourable mechanical properties: less likelihood of stress shielding

Mechanical properties of Mg and its alloys (Table 2.1) are quite suitable for implant
applications, viz., low density (p) = 1.74-2.0 g cm, and elastic modulus (E) = 41-45
GPa, both of which are closer to these properties of human bones (p = 1.8-2.1 g cm™ and
E = 3-20 GPa) [1, 5]. Therefore, stress shielding related problems can be greatly reduced
with the use of Mg alloys as orthopaedic/cardiovascular implants, most critically in high

load bearing areas.
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Table 2.1: Mechanical properties of traditional and Mg alloys as compared to human bone [5]

Property Natural bone Mg alloys Tialloys Co-Cralloys Stainless steels
Density (g/cm®) 1.8-2.1 1.74-20  4.4-45 8.3-9.2 7.9-8.1
Elastic modulus (GPa) 3-20 41-45 110-117 230 189-205
Yield strength (MPa) 130-180 85-190  758-1117  450-1000 170-310

4. Machinability and dimensional stability
Mg alloys are mechanically easier to machine, and stable final dimensions are easy to
achieve [58]. As a result, the intricate shapes of implant devices (such as stents and
screws), that are often required in medical applications, can be easily produced. Easy
machinability is also convenient for producing devices for patients of different age,
heights, weights etc., which have to be tailored individually to fit each patient. In addition,

Mg and its alloys are much cheaper as compared to traditional implant materials.

5. High damping capacity
Mg has excellent damping capacity (ability to absorb vibrations) [67]. In implant
applications, this can be very important in high load bearing applications where the shock

and vibration absorbing properties are critical criteria.

Based on above discussion, it could be said that functional bioresorbable implants based upon
Mg and its alloys may bring paradigm changes in the biomedical industry as they provide the
mechanical benefits of a metal combined with the degradable and biological advantages
displayed by polymers and synthetic biomaterials [68]. However, there are some serious
challenges to address before successful implementation of Mg-based materials in temporary

implant applications.
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Drawbacks:

1. Rapid degradation
It is anticipated that Mg and its alloys may be applied as lightweight, degradable, load
bearing orthopaedic and cardiovascular implants, which could remain in the body
temporarily and maintain mechanical integrity over a time scale of 12—18 weeks while the
bone tissue heals [68]. But main drawback is that the Mg and its alloys corrode very
rapidly in the physiological environment [1, 6, 13, 68-72]. Because of high corrosion rate,
Mg-based implant devices may lose their mechanical integrity before completion of the
tissue/bone healing. However, continuous efforts are being made for improving the
corrosion rate of Mg alloys by controlling the impurities [73] and by application of

coatings [74].

2. Toxicity of alloying elements
Magnesium does not pose any toxicity/biocompatibility issues, as discussed earlier.
However, the use of pure Mg as biodegradable implant material will be impractical
because of lack of strength, and hence the alloying of Mg for developing high strength Mg
alloys to be used as biomedical implants becomes inevitable. However, some of the
common alloying elements for Mg alloys (such as aluminium) are toxic to the human
body and their excessive release may be a critical factor in selection of alloying elements
[75]. In fact, even the elements normally present in the body (e.g. Zn, Ca and Mn) can
also be toxic if the release rate is too high. Consequently, non-toxicity would be a primary

factor while choosing the alloying elements for designing biodegradable Mg alloys.

3. Hydrogen evolution
Hydrogen gas (H,) evolution is concurrent with corrosion of Mg/Mg-based alloys [12, 24,
64, 70, 76, 77], which can cause various problems. Gas pockets may form adjacent to the

implants that can cause separation of tissue and/or tissue layers [12]. The evolved
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hydrogen can also interfere with the healing process and lead to necrosis of surrounding
tissues [78]. In the worst case scenario, gas bubbles could block the blood stream, causing

death of patients [50].

The critical tolerated rate of hydrogen evolution, which is reported to be < 0.01
mL/cm?/day, can be used to screen out biodegradable Mg alloy candidates based upon in-
vitro studies [12]. But it is also noted that each alloy must be investigated in-vivo in
relation to its intended function. In some of the in-vivo studies, it was reported that the
evolved hydrogen was present as gas pockets for the first week after surgery but
disappeared after 2—-3 weeks [33, 59]. Therefore, it is reasonable to infer that the hydrogen
evolution during Mg alloy degradation will not present a serious problem, provided that
the corrosion rate of the Mg-based implant device is controlled (i.e., hydrogen evolution

rate < 0-01 mL/cm?/day) [12].

4. Mechanical integrity
As Mg and its alloys corrode very rapidly, they may lose their mechanical integrity before
accomplishing the tissue/bone healing task. These implant devices also experience
considerable loading during service. As a result of the combined effect of mechanical
loading and corrosive physiological environment, they may suffer premature failure due
to environmentally assisted cracking, viz., stress corrosion cracking (SCC) and corrosion

fatigue (CF) [27, 79].

In general, each of the drawbacks discussed above (rapid degradation, toxicity of alloying
elements, hydrogen evolution and mechanical integrity) has its origin in the high corrosion rate
of Mg alloys in the physiological environment. In view of this, it is important to understand the
underlying reasons for the high corrosion rate of Mg and its alloys in aqueous environments

such as physiological solution, which are discussed in Section 2.3.
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2.3  Corrosion of Mg/Mg-based alloys: in general

Mg alloys are prone to accelerated corrosion in aqueous environments. The main reasons for
high corrosion rate can primarily be attributed to (i) less protective Mg(OH), film that develop
on Mg alloys, and (ii) galvanic corrosion induced due to the presence of secondary phase
precipitates/impurities [66]. This section briefly describes the electrochemical characteristics

of Mg and the thermodynamics of Mg corrosion in aqueous environments.

2.3.1 Thermodynamics of corrosion of magnesium

Magnesium is electrochemically highly active and has a standard reduction potential of —2.4 VV
vs. standard hydrogen electrode (SHE) at 25 °C, which is the lowest among all engineering
metals [65, 66]. However, for practical purposes, actual corrosion potential of Mg in contact
with dilute chloride solutions is —1.7 V [6, 64]. This difference between the theoretical
standard potential and actual corrosion potential is due to the formation of a surface film of

Mg(OH), or MgO [6].

Mg is thermodynamically very unstable and has a very high tendency to spontaneously
transform into its oxidized states in aqueous environments, which can be explained on the

basis of very negative free energy of the oxidation of Mg (Equations 2.1-2.3) [66]:

Mg + O, + H, — Mg(OH), AG® =—-833 kJ/mol (2.2)
Mg + % O, — MgO AG® =-569 kJ/mol (2.2)
Mg + 2H,0 — Mg(OH), + H; AG® =-359 kJ/mol (2.3)

Due to negative free energy of these reactions, exposure of Mg to environments containing
water leads to rapid oxidation, thereby resulting in instantaneous formation of an oxide or
hydroxide surface film. The thermodynamic data in Table 2.2 suggest that Mg will rapidly
oxidize into Mg(OH), in preference to MgO since the chemical potential () of Mg(OH), is

more negative than MgO.
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Table 2.2: Chemical potential of Mg and its components in various states at 25 °C [606, 80]

Species Oxidation state Mo (kcal/mol)
Mg 0 0
Mg* +1 -61
Mg +2 -109
Mg(OH), +2 -199
MgH -1 +34
MgH, -2 -8

Thermodynamic stability of Mg can be predicted by Pourbaix diagram (E—pH diagram),
shown in Fig. 2.4 [81]. The numbered lines (1, 2 and 3) separate the regions of corrosion
(dissolved cations, e.g. Mg®"), immunity (unreacted metal, Mg), and passivation (corrosion

products, e.g. Mg(OH),).
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Fig. 2.4. Pourbaix diagram for Mg-water system at 25 °C [81]
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The Pourbaix diagram (Fig. 2.4) also clearly shows the presence of oxidized Mg ions in most
of the E—pH regions. This leads to a very large corrosion domain, a narrow negative potential
region of immunity (much more negative than its equilibrium potential) and a possible high
alkaline (pH > 10.5) passive range [64, 81, 82]. It should be noted that the E-pH diagrams can
only predict the thermodynamic stability or tendency for corrosion of Mg in water, and do not
provide any information about the kinetics of the reactions, detailed reaction steps or the
intermediate reaction steps [82]. Moreover, the effect of chemical composition of solution on
the corrosion reactions/rates cannot be identified with E—pH diagrams. For example, it cannot
predict the different corrosion rates of Mg in two aqueous solutions with same pH but different

NaCl concentrations [66].

2.3.2 Stability and protectiveness of surface film

As discussed in Section 2.3.1, Mg readily forms oxide/hydroxide films when exposed to
aqueous environments. In most of the cases, corrosion of metallic materials is governed by the
characteristics of its surface films [64]. Accordingly, it is necessary to characterize the surface

film formed on the alloys for understanding the corrosion mechanism.

Based on thermodynamics data (Table 2.2, Fig. 2.4), the surface film on Mg is believed to be
composed of MgO in dry environments and Mg(OH), in agueous environments. However,
under normal atmospheric conditions, surface films on Mg may contain both MgO and

Mg(OH), [82].

Even though a surface film of Mg oxide or hydroxide develops, the film does not provide any
appreciable corrosion resistance in aqueous environments. The explanation for poor protection
provided by the surface films can be explained on the basis of the Pilling-Bedworth (P-B)
ratio, which is volume ratio of metal oxide to metal. The P-B ratio of MgO/Mg is smaller than

1, therefore the oxide film cracks, causing inadequate corrosion protection under normal dry
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conditions [58, 66]. However, the P-B ratio may not be the primary factor to explain poor
corrosion behaviour of Mg in aqueous environments. In fact, the P-B ratio of Mg(OH), (that
forms in agqueous environments) to Mg is actually greater than 1 [58]. Thus, there must be
another mechanism for the poor protection of Mg by hydroxide film in aqueous solutions.
This is explained on the basis of E-pH diagram (Fig. 2.4). As evident from Fig. 2.4, the
Mg(OH), is thermodynamically unstable in an acidic, neutral or weak alkaline solution, hence,
offering a very limited corrosion protection for the substrate under normal circumstances.
Moreover, it has also been reported that presence of aggressive ions (chlorides) in the solution
can significantly accelerate the corrosion of Mg. In presence of such ions, the Mg(OH),
converts into MgCl,, which is highly soluble in water than Mg(OH),, thus leading to an

accelerated corrosion attack of Mg [66].

2.3.3 Electrochemical processes

2.3.3.1 Anodic processes: negative difference effect (NDE)

The general anodic dissolution reaction of Mg in an aqueous solution is described as follows

[64]:
Mg — Mg®* + 2¢ (2.4)

However, the detailed anodic dissolution of Mg is suggested to undergo an intermediate step
involving unipositive Mg* [66]. But Mg" is not stable and can rapidly transform into a more
stable Mg through either of the three possible mechanisms namely, anodic oxidation,

disproportionation reaction and direct hydration [66].

Mg also exhibits a very unique anodic phenomenon known as the negative difference effect
(NDE) [83, 84]. In recent times, there has been a significant interest in understanding the NDE

effect for Mg corrosion. Normally, the rate of anodic reaction increases and the cathodic
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reaction decreases with an increase of applied potential in anodic direction. Also, the rate of
both the anodic (l;) and cathodic (I¢) partial reactions are similar and equal to I, at corrosion

potential, Ecor.

Fig. 2.5 represents the schematic of experimental representation of NDE. When a potential
(Eappi) 1S applied in anodic directions (more positive than Ecy), the rate of normal anodic
partial reaction (i.e. current density) would be assumed to increase along the curve marked I,
to the value of lyge, and simultaneously, the cathodic partial reaction would decrease along
the curve I to the value of Iy.. However, in the case of Mg, both the anodic corrosion rate and
also cathodic hydrogen evolution rate increases with increasing potential, as shown by the

dashed lines marked by Ivg and Iy in Fig. 2.5 [64, 83].

Potential. E

\

Current, log|I|

Fig. 2.5. The negative difference effect of Mg [64, 83]

For an applied potential, Esp, the actual anodic reaction rate would be lIygm, Which is

significantly greater than the expected anodic current (Iuge). Similarly, the actual cathodic
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reaction rate (I m) is significantly greater than the expected cathodic current (I¢). In general,
the difference (A) between I, (current density at Ecorr) and I¢ at Eqpp would be positive for most
of the metals like iron, steels, zinc etc. However, this difference (defined by Equation 2.5) is
negative for Mg because Iy, is greater than I, and this phenomenon is called negative

difference effect (NDE).
A = IO_IH,m (2.5)

The essential feature of NDE is that the cathodic hydrogen evolution reaction rate increases
with an increase of electrode potential in the anodic direction. There is not a single consensus
on mechanism for the NDE. Till now, four models for explaining the NDE in Mg and its alloys
have been proposed, but each of these models is able to explain some aspects of the NDE, and

fail to deal with other aspect [64].

Model 1: monovalent magnesium ion model [80, 85]

As calculated valence of dissolved magnesium was reported to be in the range from 1.33 to
1.66, it can be assumed that the Mg" ions may be involved as an intermediate species in the
anodic dissolution process and react chemically to evolve hydrogen according to the

following reaction presented in Equation 2.6 [85, 86].
2Mg" + 2H" — 2Mg* + H, (2.6)

If the rate of univalent Mg ion production increases with increasing Mg dissolution rate, this
mechanism would account for the observation of increasing rates of hydrogen evolution
(Equation 2.6) with increased applied current or potential under certain conditions. However,
there is no direct evidence of existence of Mg ion in the literature. In addition, several recent
studies have established that the Mg dissolves with a stoichiometry of 2 without any

intermediate reaction step involving unipositive Mg* [87, 88].
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Model 2: partially protective surface film [89, 90]

This mechanism attributes the NDE to the breakdown of a partially protective film on
the magnesium surface during anodic dissolution. The film is assumed to be disrupted with
increasing external current or potential. However, no evidence was provided for the surface

film being partially protective.
Model 3: particles undermining model [91]

This mechanism explains the NDE in terms of the undermining and falling away of second
phase particles during corrosion, especially at a higher anodic current density or potential,
which may result in a mass loss greater than that due to only electrochemical dissolution.
However, the NDE phenomenon is also observed in pure Mg, thus invalidating the particle

undermining mechanism [92].
Model 4: magnesium hydride model [80, 93]

Magnesium can be reduced to hydride by the following electrochemical reaction:

Mg+ 2H" + 2e — MgH, 2.7)
The MgH; is not stable in contact with water and reacts chemically to form hydrogen
(Equation 2.8):

MgH, + 2H,0 — Mg®"+ 20H™ + 2H, (2.8)

This mechanism is based on thermodynamic data which predicts the stability of MgH..
However, Equation 2.8 is a cathodic reaction and should accordingly decrease in rate with
applied anodic potential. Hence, the hydrogen evolution rate should decrease with an increase

of potential, thus contradicting the basic principle of NDE.
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2.3.3.2 Cathodic processes

Oxygen and hydrogen evolution are two typical cathodic reactions in most of the cases for
corroding metal in an aqueous environment [65, 94]. However, in the case of Mg and its
alloys, the hydrogen evolution reaction dominates the cathodic process [64, 69]. This
domination can be explained on the basis of very negative equilibrium potential of Mg as
compared to the hydrogen potential [65], and therefore the hydrogen reaction is strongly
cathodically polarized. It has been generally accepted that the oxygen does not play any
significant role in cathodic kinetics during the corrosion of Mg and its alloys [6, 64].

Accordingly, the main cathodic reactions for Mg alloys can be as follows [66]:

2H" +2e” — H, (inan acidic solution) (2.9

2H,0 + 2e” — H, + 20H" (in an alkaline or neutral solution) (2.10)

2.4  Corrosion of Mg alloys in the physiological environment

Mg and its alloys have been reported to suffer considerably rapid corrosion in the body
environment that contains aggressive ions such as chlorides, carbonates, phosphates and
sulphates in addition to presence of proteins and glucose [17]. When used as biomaterials, Mg

alloys will face a number of different forms of corrosion as follows:

2.4.1 Galvanic corrosion

When two metals with different electrochemical potentials are in physical contact (electrically)
and are exposed to an ion conducting fluid (such as serum or physiological solution), galvanic
corrosion will occur [65]. The problem of galvanic corrosion is one of the major obstacles in
successful use of Mg alloys in aggressive chloride containing environments. Mg makes an
active anode when in contact with most metals owing to its high electrochemical activity and

corrodes preferentially [6, 64].
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Mg alloys are also not uniform in terms of their composition, microstructure and even
crystalline orientation. These differences can result in various electrochemical activities within
a Mg alloy, thereby generating galvanic couples on a micro-scale. The following two factors

generally influence the formation of micro-galvanic cells in Mg alloys.
a) Impurities

The most Mg alloys contain iron (Fe), nickel (Ni), cobalt (Co) and copper (Cu) as impurities
[6, 64], usually introduced during casting processes. These impurity metals are highly cathodic
to Mg and can cause severe galvanic corrosion [6, 64]. Even small amounts of these impurities

can dramatically increase the corrosion rate of Mg alloys, as shown in Fig. 2.6 [6].
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Fig. 2.6. Effect of impurities and alloying elements on corrosion rate of Mg alloys in 3 wt. %

NaCl [6]

It is well known that a decrease in impurity content can improve corrosion resistance of Mg
and its alloys [6]. The detrimental effect of impurities will be negligible below their tolerance
limits, which can be associated with their solubility limits in Mg alloys. When these impurities

are below a critical concentration (e.g. their solubility in the matrix phase), they are present in
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the form of solutes in Mg solid solutions, and no micro-galvanic cells between the impurities
and Mg matrix can be formed. The tolerance limits for Fe, Cu and Ni are 170, 1000, and 5

ppm, respectively [6].

b) Secondary phases

Most of the Mg-containing intermetallic phases are more noble as compared to the Mg matrix.
These intermetallic/secondary phases can play a dual role in the corrosion of Mg alloys: 1)
they can act as micro-cathodes to accelerate the corrosion of the matrix, and 2) they can act as

a barrier to the progress of corrosion front and retard corrosion in Mg alloys (Fig. 2.7) [66].
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Fig. 2.7. Schematic representation of dual role of secondary phase of Mg alloys in corrosion

[66]

For example, B-phase in common AZ alloys can either play a role in forming a corrosion
barrier to retard corrosion or a galvanic cathode to accelerate corrosion, depending on the
amount, distribution and continuity of the B-phase. A fine distribution of B-phase can form a
continuous layer and be efficient in providing the corrosion barrier, whereas the presence of a

small amount of discontinuous [3-phase accelerates the micro-galvanic corrosion [66].
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In the case of biodegradable Mg alloys, the problem of severe galvanic corrosion has been
reported in several previous studies [13, 15, 16, 30, 70, 95, 96], which was attributed to the
formation of micro-galvanic cells due to the presence of cathodic secondary

precipitates/impurities as compared to anodic Mg alloy-matrix.

2.4.2 Localized/pitting corrosion

The biggest concern about the corrosion of Mg alloys is localized or non-uniform attack,
which is normally attributed to the micro-galvanic effect or electrochemical in-homogeneity
[64, 72, 97]. Mg may undergo pitting corrosion at its free corrosion potential, Ecor, When
exposed to chloride ion containing medium [89]. Moreover, the presence of impurities,
secondary phases and different alloying elements in the matrix can cause un-even distribution
of micro-anodes and micro-cathodes in Mg alloys, leading to the non-uniform or localized

corrosion damage.

The localized corrosion and pitting has been also observed during in-vitro and in-vivo
corrosion studies of Mg alloys for biomedical applications [59]. By in-vitro and in-vivo
investigations, Witte et al. [59, 61] found that the pitting corrosion occurred on both LAE442
(Mg- 4 wt. % Li — 4 wt. % Al — 2 wt. % rare earth) and AZ91D. While AZ91D was severely
attacked by localized corrosion/pitting, LAE442 showed a more uniform corrosion attack with
scattered areas of pitting. Several other studies have also established the susceptibility of AZ
series Mg alloys to localized corrosion/ pitting in simulated body fluid (SBF). Zhou et al. [98]
observed the localized corrosion along the residual -Mg;7Al1, phase at the grain boundaries as
well as found some pits within the grains (as indicated by arrows in Fig. 2.8a), after 8 h of
exposure to simulated body fluid. Similarly, Kannan et al. [16] reported localized
corrosion/pitting in AZ91 (Fig. 2.8b) after electrochemical testing in SBF. Similar localized
corrosion and pitting were observed by Zhang and co-workers [99] in Mg-Zn-Mn-Ca alloys,

which was attributed to the tendency of Mg,Ca network at the grain boundary to dissolve
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preferentially after electrochemical testing in Hanks’ solution (Fig. 2.8c). Recently, severe
susceptibility towards localized corrosion/pitting was reported for a high-strength Mg alloy,
ZX50 (specifically designed for temporary implant applications in osteosynthesis), during both

in-vitro and in-vivo studies [32, 33, 100].
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Fig. 2.8. Localized/pitting corrosion obsetved in different Mg alloys: (a) AZG61 [98], (b)
AZ91 [16], and (c) Mg-Zn-Mn-Ca [99]

25



2.4.3 Stress corrosion cracking (SCC)

A considerable fraction of research on Mg alloys has focused on improving their general
mechanical properties, creep resistance and corrosion properties. The aspect that has received

relatively less attention is their resistance to stress corrosion cracking (SCC).

SCC is a dangerous, complicated and insidious form of corrosion, and can cause catastrophic
and unexpected failure of structural components [101]. It is sub-critical crack propagation in a
brittle manner due to combined and interdependent effects of corrosion and tensile stress. SCC
involves an optimum interaction of three parameters: (1) mechanical loading providing tensile
stress, (2) a susceptible alloy, and (3) an environment causing corrosion at an acceptable rate
[35, 102, 103]. Consequently, SCC is relatively less frequent, though failures can be very
costly and destructive when they occur. Unlike other types of corrosion, surface may appear
virtually un-attacked in the case of SCC. Only a few fine cracks (invisible to naked eye)
initiate and propagate, which can lead to the brittle SCC failures [35]. The most fundamental
and detrimental feature of SCC is that a ductile material that would have undergone
considerable elongation before fracture may suffer embrittlement in the presence of the

corrosive environment.

Mg and its alloys are also reported to be susceptible to SCC in common service environments
[104-110]. It is estimated that approximately 10 to 60 Mg alloy components in aerospace
applications alone suffered SCC failures each year during 1960 and 1970 [35]. It is suggested
that the occurrence of SCC may be on increase since Mg alloys are now increasingly used in
structural and automotive applications under load bearing and harsh environmental conditions.
Increased SCC incidences may also be expected because of increased stresses as a result of
smaller section sizes of the components in a bid to decrease weight. The details of
phenomenology and mechanistic understanding of SCC of Mg alloys have been presented in

the Section 2.5.
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2.5 Phenomenology of SCC of magnesium alloys

SCC mechanisms are generally dominated by mechanical or electrochemical processes, and
often specific to certain combinations of alloy and environment. Transgranular stress corrosion
cracking (TGSCC) is the common mode of SCC in Mg alloys [19, 35, 111, 112], but instances
of intergranular stress corrosion cracking (IGSCC) has also been reported [18]. In the case of
Mg alloys, it is generally accepted that the SCC processes usually involve hydrogen
embrittlement (HE), with the source of hydrogen being cathodic reaction of the bare metal [36,
107, 113], but there is a little consensus on an unified SCC mechanism. This section briefly
discusses the influence of alloying elements on SCC, techniques for characterization of SCC

and possible operating mechanisms of SCC, in the case of Mg alloys.

2.5.1 Influence of alloying elements

Most pure metals are immune to SCC; however, pure Mg has been reported to be susceptible
to SCC [36, 114-116]. Stampella et al. [36] performed a range of slow strain rate testing
experiments on commercial and high purity Mg in Na,SO, under different environmental
conditions to establish the SCC mechanism. Both commercially pure and high purity Mg were
reported to be susceptible to SCC at room temperature in deaerated, pH 10, 10> M Na,SO..
They reported corrosion pits to be the necessary precursors for hydrogen embrittlement and
cracking. Pits provided bare, active, film-free sites, which permitted catholically generated
hydrogen to enter the metal. In both commercial and high purity Mg, the fracture surfaces in
Na,SO, appeared to be predominantly brittle, with transgranular regions exhibiting typical
quasi cleavage morphology. In contrast, the specimens tested in air exhibited dimpled fracture

surfaces as a characteristic of ductile failure by microvoid nucleation, growth and coalescence.

Meletis and co-workers [116] studied the SCC of 99.9 % pure Mg in 3.3 wt % NaCl + 2 wt %

K.CrQ,, and reported failure in the solution with 2.3 % of strain in comparison to 5.1 % of

27



strain in air, i.e. 55 % reduction in strain in solution as compared to air. Fracture surfaces also
revealed TGSCC with specific features of cleavage-like fracture, which initiated at corrosion

pits and was accompanied by H evolution.

Magnesium alloys are also reported to be susceptible to SCC in aqueous environments [18, 19,
104, 105, 107, 110, 117-120]. The alloying elements play a crucial role in either beneficial or
detrimental manner on SCC of an alloy. The roles of most common alloying elements (Al, Zn

and Mn) and impurity (Fe) on SCC of Mg alloys are discussed below.

Influence of aluminium (Al):

All aluminium-containing magnesium alloys (such as AZxx (containing Al and Zn) and AMxx
(containing Al and Mn)) have been reported to be susceptible to SCC to some extent in
distilled water and chloride-containing solutions [35]. The susceptibility to SCC (represented

as the minimum stress to cause SCC) was generally found to increase with increasing Al

concentration, as shown in Fig. 2.9 [67].
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Fig. 2.9. Stress vs. time to failure curves for various Mg-Al alloys in 40 g/L NaCl + 40 g/L
Na,CrO, [67, 113]
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Influence of Zn:

Zinc also induces SCC susceptibility in Mg alloys [67]. It is also reported that magnesium-zinc
alloys that are alloyed with zirconium or rare earths (but no aluminium) have intermediate

SCC resistance [35].

Influence of Mn:

Mg-Mn alloys are among the alloys with high resistance to SCC, and generally considered to

be immune when loaded up to the yield strength in common test environments [121].

Influence of Fe:

Iron that is found in commercial Mg alloys as an impurity is known to reduce the corrosion
resistance by promoting micro-galvanic corrosion. The effect of iron on SCC of Mg alloys
remains unclear. Perryman [122] reported that higher Fe content in Mg alloys decreased the
SCC resistance in distilled water, whereas Timonova [123] reported that Fe had no effect on

SCC of Mg-Al-Zn-Mn alloys.

2.5.2 Characterization of SCC using different techniques

There is no generalized approach that could provide a complete insight into prediction and
mechanistic understanding of SCC. Combinations of a few techniques can qualitatively and
quantitatively establish the susceptibility of different metals/alloys to SCC. The main
techniques for characterization of SCC are slow strain rate tensile (SSRT) testing, U-bend
testing, C-bend testing, compact tension (CT) testing, double cantilever beam (DCB) testing
[101], circumferential notch tensile (CNT) testing [124] etc. A brief description of some of

these testing methods is provided in this section.
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2.5.2.1  Slow strain rate tensile (SSRT) testing

The slow strain rate tensile (SSRT) testing is an uni-axial tensile test conducted at extremely
low cross-head speeds in presence of a corrosive environment [101, 125]. These tests will
invariably produce fracture either by SCC or mechanical failure or both. Slow straining
ensures the opportunity for an environment to interact with crack-tip and also the presence of
continuing plastic strain, which encourages the initiation and growth of stress corrosion cracks.
The SCC susceptibility is evaluated in terms of the time taken for failure to occur, the
extension at failure and/or appearance of fracture surfaces. SSRT is an accelerated laboratory
testing and generate data in a relatively short time. Also, SSRT usually gives conservative

results owing to the severity of the tests [126].

Strain rate is a critical parameter in the SSRT testing of Mg alloys. For specific combination of
alloy and environment, SCC occurs in a narrow window of strain rates [127]. Wearmouth et al.
[128] investigated the role of strain rate for Mg-7Al alloy in aqueous chloride-chromate
solution, and attributed the role of strain to rupture any surface film for allowing localized
dissolution or H ingress. Ebtehaj et al. [113] also investigated the influence of strain rate on
SCC susceptibility of as-cast Mg-9Al alloy. They proposed that the film integrity was
maintained at low strain rates, which prevented H ingress into the matrix, and failure occurred
in ductile fashion. As the strain rate was increased, the film repassivation decreased and thus
allowing H ingress more freely, causing embrittlement of the matrix. At relatively higher strain
rates, ductile tearing occurred before embrittlement because of insufficient time available for
H ingress. This explained the maximum SCC susceptibility at intermediate strain rates, as

shown in Fig. 2.10 [113].
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exposed to dry air or solutions containing 5 g 1" NaClI and various amounts of K,CrO, [113]

In contrast to the maximum SCC susceptibility of Mg-Al alloy at intermediate strain rates in
NaCl + K,CrOy solution (Fig. 2.10) shown by Ebtehaj et al. [113], Winzer et al. [104] found
the maximum susceptibility of a Mg-Al alloy tested in distilled water at lowest strain rate. This
was characterized by a greater decrease in UTS and elongation-to-failure in distilled water as
compared to the laboratory air in low strain rate regime. The occurrence of maximum SCC
susceptibility at intermediate strain rates, as reported by Ebtehaj et al. [113], is attributed to the
passivating characteristic of the alloy in the chromate containing solution used in their study.
The corrosion film developed in this passivating environment required higher strain rate to
sustain SCC, whereas a less passivating solution in Winzer and co-workers’ [104] study

produced corrosion film that could be disrupted at lower strain rate and caused SCC.
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2.5.2.2  Fracture mechanics based approach to SCC

The fracture mechanics based approach is used for quantitative determination of the important
design parameters for materials susceptible to SCC. This type of study is of particular
importance for the structural components for determination of safe service stress level in harsh

conditions (for example, aerospace and automotive parts).

In general, damage tolerant design method principles are applied for performing these studies,
which assume that structure/component contains initial cracks. The concept of fracture
mechanics is then used to characterise the conditions for propagation of cracks from these
initial flaws. Usually, SCC can occur at stresses below general yield strength and propagate in
elastic body; hence, linear elastic fracture mechanics (LEFM) principles are applied for

determining the crack tip stress intensity factor (K,) [125].
According to the LEFM approach, the K, at the crack tip can be given by Equation 2.11.

Ki=Y o (na)*? (2.11)

where Y is a geometrical factor, ¢ is the applied stress and a is the crack length.

For a given material/environmental condition, the typical schematic of relationship between
stress intensity vs. crack growth rate is shown in Fig. 2.11 [125]. The value of K, at which the
first measurable crack extension occurs is characterized by threshold stress intensity for stress
corrosion cracking (Kiscc). Consequently, there will not be any crack propagation at stress
intensities lower than the K,scc. The practical meaning of Kscc lies in the fact that below this
stress intensity factor, crack growth rates become insignificantly low (i.e. < 10 2 m/s) [35,

129].
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Fig. 2.11. Typical plot of stress intensity factor vs. crack growth rate [125]

The plot in Fig. 2.11 is specifically characterised by three zones: the region | (crack initiation
and crack propagation), region Il (steady state crack propagation) and region Il (failure by
overloading). During region |, the crack growth increases rapidly as the stress intensity is
increased from the Kiscc. The crack velocity is reasonably constant in region Il and largely
independent of the stress intensity factor. As the stress intensity factor approaches K¢ (i.e.,
fracture toughness - the critical stress intensity of the specimen tested in air at which it fails),
pure mechanical rupture (ductile) dominates over sub-critical crack extension caused by SCC,

and rapid crack growth occurs.

Determinations of Kscc and crack growth rate data for life prediction of components/structure
are of primary importance for various industries including nuclear, automotive etc. Depending
upon the component geometries, different fracture mechanics approaches have been used till
now for determination of the K;scc. Compact tension (CT) testing and circumferential notch

tensile (CNT) testing are among the common fracture mechanics testing approaches.
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a. Compact tension (CT) testing

Compact Tension (CT) testing is a popular technique to measure the K,scc and crack growth
rates in presence of stress raising defects, which are normally provided by a pre-crack. CT
testing requires application of an external constant load. The advantage of the CT testing is
that the stress parameters can be quantified with confidence since this technique is based on
visual observation and crack opening displacement monitoring (measured through a low power
travelling microscope). The main disadvantages of the CT testing are higher cost and the
requirement of bulky specimens to satisfy the valid plane strain conditions for LEFM

application [125]. The Fig. 2.12 shows a schematic and geometry of a typical CT specimen.
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Fig. 2.12. Compact tension (CT) specimen (all dimensions are in inches) [101]

b. Circumferential notch tensile (CNT) testing

A recent and relatively new fracture mechanics-based approach for determination of the Kiscc
using CNT specimens (Fig. 2.13) has been developed and validated at Monash University [124,
130-135]. The diameter of the CNT specimen is 9.5 mm with a 60° “V” groove in the middle,

which gives a minimum notch root diameter of 7 mm.
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A fatigue pre-crack is developed ahead of the notch of a CNT specimen, by subjecting it to a
controlled rotating bending fatigue load, which results in a typical final ligament diameter of about
5mm. The pre-cracked CNT specimen is then subjected to a constant load in corrosive
environment, until the specimen fails. Using the relationship between K, and time-to-failure (t;),
threshold stress intensity factor (Kscc) is determined. An accurate determination of K is the key to

successful application of the technique [124].

The data generated using the CNT testing are claimed to be within £3 % of the data generated
using the ASTM standardized CT testing [136-138]. However, CNT technique offers many other

advantages over conventional CT testing method, as discussed below:

1. Smaller specimen size
CNT technique uses specimens with smaller cross section. It is therefore possible to apply quite
high stress levels using moderate loads. This also avoids requirement of heavy machinery and
complicated loading system in case of CNT technique as compared to the CT testing. Moreover,
it was found that the plane strain conditions are satisfied using 9.5 mm diameter cylindrical

specimens in comparison of CT specimens requiring widths up to 80 mm [130].

2. Less material requirement
Owing to smaller and simpler geometry of the CNT specimens (Fig. 2.13), considerably less
amount of material is required in machining the CNT specimens as compared to the bulky and
complex CT specimens (Fig. 2.12). In addition, it is possible to determine the SCC design

parameters for narrow zones or thin components, such as heat affected zone, simply due to the
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possibility of CNT testing using smaller cross section of the specimens. The necessary length of
the CNT specimens could be achieved by using extension rod(s), which further reduces the
requirement of material in the CNT testing (since area of interest is only the notch and nearby
area). Also, cost of the CNT testing can be reduced by a factor of 10 as compared to the CT

testing due to the smaller specimen size and less material requirement [139].

3. Time efficient
SCC testing is very time consuming as tests may run up to 10000 h. CNT technique is very time
efficient in comparison to the CT testing. Due to simplicity of the CNT set-up, several CNT
experiments (such as 20 CNT rigs are available in the Monash University laboratory) can

simultaneously be started at the same time [139].

2.5.3 Mechanism of SCC in Mg alloys

Several mechanisms have been proposed for explaining the SCC of Mg alloys; however, there
is no consensus on any given mechanism. SCC of Mg and its alloys has been generally
attributed to (i) continuous crack propagation by dissolution at the crack tip (Fig. 2.14a), or (ii)

cleavage type mechanism by discontinuous crack propagation (Fig. 2.14b) [35, 101].

(a) (b) o

L
:‘. Embrittled Region
lo

~ Brittle Crack

Fig. 2.14. (a) Continuous crack propagation by dissolution following film rupture, and (b)

cleavage type fracture ahead of embrittled zone [35]
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2.5.3.1 Dissolution mechanisms

a) Microgalvanic corrosion

The intergranular stress corrosion cracking (IGSCC) observed in Mg-Al alloys is often
attributed to the preferential dissolution of the metal matrix adjacent to the secondary phase
precipitates (Mgi;Al;, in Mg-Al alloys). Therefore, when the grain boundary precipitates are
continuous, the crack propagation is also continuous [35]. IGSCC was also observed in rare
earth (RE) containing Mg alloys. Kannan et al. [16] reported the IGSCC in ZE41 alloy in NaCl
and distilled water (Fig. 2.15), attributing this behaviour to the micro-galvanic corrosion of

second-phase particles that formed a continuous network along the grain boundaries.

Fig. 2.15. Fracture surfaces of ZE41: (a) in 0.5 wt. % NaCl - predominant intergranular and
isolated transgranular (arrows) cracking, and (b) in distilled water - corrosion along the grain

boundaries [18]

b) Film rupture model

Localized plastic deformation at the crack tip causes rupture of passivating film [101]. This
exposes the bare metal to the environment species, causing a rapid dissolution, which leads to
crack extension or propagation. For Mg alloys, the crack growth rate in this alternative
electrochemical SCC mechanism is defined by the competing rates of film rupture and

regrowth, as proposed by Ebtehaj et al. [113] and Wearmouth et al. [128]. Also, crack
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propagation will be continuous if the stress concentration at the crack tip is high enough to

prevent the reforming of the film (i.e., repassivation is insignificant).

2.5.3.2 Mechanical fracture mechanisms

a) Cleavage fracture

In general, the transgranular stress corrosion cracking (TGSCC) is predominant in Mg alloys,
which is associated with discontinuous cleavage. The lack of slip systems in Mg alloys makes
them susceptible to the cleavage fracture. Various researchers [116, 140, 141] have reported
that the TGSCC in Mg results due to alternating stages of electrochemical attack and
mechanical fracture. TGSCC also resulted in fracture surfaces consisting of flat and parallel
facets separated by perpendicular steps, consistent with the cleavage mechanism. Matching
and interlocking opposite fracture surfaces confirmed the occurrence of cleavage, which was

difficult to explain by a dissolution model [140, 141].

Further, Winzer et al. [111] characterized the fracture surface of AZ91 tested in distilled water
by constant extension rate test (CERT) and found distinctive features of the cleavage fracture,

i.e. fine parallel markings (Fig. 2.16a) and cleavage induced by  phase (Fig. 2.16b).

Fig. 2.16. Fracture surface for AZ91 specimen tested in distilled water under CERT
conditions showing: (a) fine parallel markings (i) and (b) cleavage through B particles [111]
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b) Hydrogen embrittlement (HE)

The TGSCC observed in Mg alloys has been widely attributed to mechanism involving
hydrogen (H). In literature, the possible mechanisms for hydrogen embrittlement of metal and
alloys include H enhanced decohesion (HEDE), H enhanced localized plasticity (HELP),

adsorption-induced dislocation emission (AIDE) and delayed hydride cracking (DHC) [142].

Meletis and Hochman [116] reported concurrent H evolution during crack initiation and crack
propagation stages for pure Mg in a chloride-chromate solution. Further, the occurrence of
cleavage fracture surfaces also suggested that the cracking may be a form of HE. Also, the
authors proposed that H may be absorbed from the solution at the crack tip or may be
transported by dislocation motion. This mechanism involved the discontinuous build up of

stress followed by hydrogen transport to the stressed area, subsequently resulting in cleavage.

Chen et al. [143] investigated the effects of hydrogen on SCC of as-cast AZ91 in Na,SO,
solution using SSRT testing and reported a significant decrease in mechanical properties of the
alloy with cathodic charging. This decrease in mechanical properties was attributed to the
enhanced role of hydrogen, which diffused into the matrix and accumulated at the 3 phase, and

subsequently formed hydride that cracked under applied stress.

Uematsua et al. [118] also showed that the SCC of wrought AZ31 magnesium alloy was
dominated by hydrogen embrittlement. They reported lower Kiscc value and higher crack
propagation rate with greater magnitude of cathodic potential that facilitated generation of

hydrogen.

In contrast, even anodic polarization accelerated the SCC in Mg alloys, which could be
explained on the basis of negative difference effect [35, 36, 118]. Ebtehaj et al. [113] showed

that large amount of H was evolved with anodic polarization and reported that cracking
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invariably started at the regions of localized pitting, suggesting the role of pitting in allowing

H ingress into metal.

Dietzel et al. [110] has attempted to simulate the experimental SCC results obtained by CERT
testing on the AZ91 alloy in distilled water using a mesoscale fibre bundle model. They
studied the effect of hydrogen embrittlement on the stress—strain curves measured at various
strain rates and simulated the experimental results with an assumption that the hydrogen is
generated in localized corrosion pits that subsequently diffused into the bulk, thereby reducing
the strain-to-failure. The stress—strain curves obtained from these simulations showed the same
strain rate effect that was experimentally observed. In an another recent study by Kannan et al.
[108] on the SCC of AZ80 in distilled water and 0.5 wt. % NaCl, it was shown that the pitting

susceptibility of the alloy played a crucial role in the SCC and HE behaviour of the alloy.

Based on above discussion, it is noted that the inhibition of pitting corrosion will help in
preventing the HE of Mg alloys. It is further suggested that the pitting corrosion represents the
initiation stage of transgranular cracking of Mg-Al alloys. Nevertheless, it is clear that the role
of pits is to provide a bare, film-free and active Mg surface through which atomic H can enter

to embrittle the metal matrix, and cause cracking.

2.6 SCC of magnesium alloys: in biomaterials perspective

Mechanical and chemical stability of implanted materials in the physiological environment are
of fundamental importance in successful treatment of fracture fixations and cardiovascular
surgeries. Metallic implant devices exposed to the corrosive physiological environment are
often also subjected to acute loadings during service. For example, a hip implant can
experience a load up to approximately four-times of the body weight during a normal walk,
whereas a cardiovascular stent is continuously subjected to a cyclic loading due to heart beats

[26, 144]. For an adult, loads in the spine during certain activities may exceed 3500 N [68].
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The synergistic presence of the mechanical loading along with the corrosive environment may
pose complication of sudden brittle fracture of implants due to the phenomenon of SCC [101,
127]. These brittle stress corrosion cracks generally initiate at locations of sharp contours such
as root of a corrosion pit. Furthermore, pre-existing macro/microscopic flaws (e.g. micro-
cracks, sharp corners and protrusions in implant devices) can markedly increase the probability
of premature SCC failures and can be locations of SCC initiation. Moreover, the load bearing
implant devices are becoming relatively complex in design, thus also increasing the number of
high stress intensity points in an implant device. Furthermore, galvanic, localized or
intergranular corrosion, and even thinning by uniform corrosion, could initiate SCC in

biomaterials [35].

Stress corrosion cracks may propagate undetected to a sudden catastrophic failure of implant
devices during service, which may have many serious consequences such as painful irritation
or inflammation of surrounding tissues, and troublesome removal of failed devices. In past,
several incidents involving SCC and corrosion fatigue of traditional implant devices of

stainless steels and titanium alloys have been reported [20, 21, 145-149].

In this context, it is also important to note that Mg alloys are reported to be susceptible to SCC
in aqueous environments, including distilled water and chloride solutions [105]. Hence,
characterization of SCC of biomedical magnesium alloys in the physiological conditions will
be of great importance before their actual service use. However, a very limited attention has
been paid on the evaluation of mechanical integrity/SCC of Mg alloys in the body fluid. There
have been only a few in-vitro studies concerning SCC of Mg alloys in the modified-simulated
body fluid (m-SBF) [16, 27, 31, 79]. In a preliminary investigation, Kannan et al. [79] reported
decrease in mechanical strength and ductility of AZ91 in the m-SBF solution during SSRT
testing. In extension of this work, they also carried out an investigation into mechanical
integrity of notched specimens [27]. Results of CERT tests on notched specimens and analysis

of the fracture surfaces revealed significant SCC susceptibility of the AZ91 alloy. It was found
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that the mechanical integrity of the AZ91 in m-SBF was dependent on the design of the
specimen, and the presence of a notch substantially decreased the mechanical integrity in m-
SBF. However, the mechanistic understanding of SCC of Mg alloys in the physiological

environment has not been explored in these preliminary investigations.

For an alloy conducive to SCC, it is also extremely important to determine the important
design parameters, €.9. Kiscc and crack growth rates, for predicting the life of an alloy exposed
to the corrosive body fluid. However, such studies have not been reported for biodegradable
Mg alloys. In fact, it is yet to be established whether the novel Mg alloys, specifically
developed for implant applications, possess desired resistance to SCC in the physiological

environment.

2.7 Prevention of SCC

There are some recommendations to avoid SCC in practices, which are discussed below.

1) Selection of SCC resistant alloy
SCC can be avoided by using high-purity alloys/metals or by replacing SCC-prone material
in that service environment with more SCC resistant alloy. The SCC resistant alloys can be
produced by wise selection of alloying additions. For example, Mg alloys with higher
concentration of Al are more susceptible to SCC, while Mg-Zn alloys have an intermediate
susceptibility to SCC [67]. Addition of zirconium (Zr) and rare earths (RE) as alloying

elements have been reported to increase the SCC resistance [67].

2) Control of stress
The working stress endured by the alloy in service conditions must be kept below a critical
level, which has been reported to be 30 to 50 % of the tensile yield strength of the material.

Also, a great importance should be given to the use of simple shapes that will provide less
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of local high stress generating points. Bolted and riveted joints can produce point of high
stress concentrations, suggesting the importance of proper joint design. Although, sometime
it is not possible to control the service stresses, however, stress concentration points can

still be reduced by use of smooth geometries [35].

3) Surface modifications and coatings
Coatings may be an appropriate measure for preventing the SCC to some extent, if not
completely. As discussed, the localized and pitting corrosion are common cause for
initiation of SCC in Mg alloys. Accordingly, the coating, which may reduce the pitting
propensity in the corrosive environment, could also help in avoiding the SCC to some

extent [67].

Control of stresses and environment are not practical in biomedical applications since implants
are expected to work under given stress conditions in the blood plasma. Nevertheless, the
development of SCC-resistant Mg alloys could be one of the preventive measures.
Accordingly, alloying composition could be chosen by taking SCC resistance into account in
developing Mg alloys for biomedical applications. But the alloys should also be non-toxic,
which limits the choices of alloying elements. Therefore, there is a value in exploring SCC

mitigation with the use of biocompatible coatings on Mg alloys.

2.8  Biocompatible coatings for corrosion/SCC resistance

Surface engineering by application of coatings is a common approach to improve surface
properties such as corrosion resistance while still maintaining the bulk mechanical properties
of an engineering alloy. As mentioned in Sections 2.2-2.5, Mg/Mg alloys corrode very rapidly
in physiological solutions. Therefore, most studies on Mg alloys concerning their use as
biodegradable implants have aimed at improving their corrosion resistance in blood plasma

[23, 31, 150-152]. Till now, several methods have been investigated for improving the
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corrosion resistance of Mg alloys in physiological environments (for example, new alloy
development [29, 30, 153], ion implantations [154, 155], coatings [156-161], composites [162-

164] and laser surface modifications [165]).

Various coating methodologies, such as ion beam assisted deposition, plasma spray deposition,
pulsed laser deposition, physical vapour deposition, magnetron sputtering, sol-gel derived
coatings, electrodeposition and micro-arc oxidation, have been used and studied for
developing biocompatible coatings. This section briefly discusses the role of most common
biocompatible coatings derived from conventional conversion route and electrodeposition in

improving the corrosion/SCC behaviour of Mg alloys in physiological solutions.

2.8.1 Calcium-phosphate (Ca-P) coatings

Calcium (Ca) and phosphorous (P) are the main elements present in bone minerals [51].
Calcium phosphate (Ca-P)-based bioceramic coatings have been widely used on Mg alloys
because of the associated advantages of biocompatibility, osteoconductivity and reduced
degradation rate [25, 166, 167]. In past, surface tailoring by Ca-P coatings has also been used

for improving biocompatibility of titanium or titanium-based alloys [168, 169].

Some of the Ca-P compounds of biomedical interest mainly include dicalcium phosphate
[CaHPO42H,0, DCPD], octacalcium phosphate [Cag(HPO,)2(PO4)4:5H,0, OCP], tricalcium
phosphate [Cas(PO4),, TCP] and hydroxyapatite [Caio(OH)2(PO,)s, HA]. HA is considered to
be thermodynamically most stable in the physiological environment. OCP and DCPD,
however, have been identified as precursors for facilitating kinetics of HA formation as well as

for other metastable Ca-P phases [170, 171].
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Among several methods for depositing Ca-P coating, electro-deposition, conversion and
biomimetic precipitation routes are simple and inexpensive processes that can be carried out at
low temperatures. Moreover, the thickness and chemical composition of the Ca-P coatings can
also be controlled by adjusting coating bath chemistry. In addition, these coating methods also
provide distinct advantages such as: (i) ease of operation, (ii) low-cost, and (iii) ability to coat

the complex structures such as screws, stents and pins [167].

Previously, a few researchers electro-deposited the Ca-P coating on various Mg alloys, and
also reported a distinct decrease in corrosion rate [31, 166]. Recently, Song et al. [166] showed
that the calcium phosphate coating on AZ31 developed at room temperature could
significantly improve the corrosion resistance, which might allow implants to maintain their

mechanical integrity during bone-healing phase.

Although it has been reported that the Ca-P coatings on Mg alloys improve the corrosion
resistance and biocompatibility, it appears unlikely that it will improve SCC resistance at the
same time. Since Ca-P coating (a ceramic) is brittle in nature, it may break/crack during the
load bearing conditions, thus exposing the substrate and accelerating the localized
corrosion/pitting, which may even worsen the SCC resistance. Accordingly, it is essential to
investigate the other biocompatible coating system, which may improve the corrosion/SCC

resistance as well as enhance biocompatibility.

2.8.2 Novel graphene-calcium carbonate coating

The two most abundantly studied bio-minerals are the calcium carbonate (CaCO3) and
hydroxyapatite (HA). The synthesis of hybrid materials with the use of bio-mineral is highly
required in biomedical applications in order to improve the biocompatibility and

osteoinductivity.
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Graphene (sp®-bonded carbon sheet with a thickness of single atom) has recently received
attention of materials scientists and physicists because of its unique qualities, which include
excellent thermal, mechanical and electrical properties [172]. Besides these attributes,
graphene also possesses the chemical inertness [173] and hydrophobicity [174], which makes
it an ideal candidate for corrosion inhibiting coatings. Recently, there have been a few reports
on improvement of corrosion resistance of Cu and Ni by the application of graphene coatings
[175-177], which were epitaxially grown using chemical vapour deposition (CVD) at 800-
1000 °C. But, the low melting point of Mg and its alloys does not allow the use of CVD to

grow graphene on Mg alloys.

Graphene has found several applications in the fields of electronics and composite materials,
and has been vigorously researched in last decade. However, hybridization or interaction of
graphene with biominerals to form biocompatible coatings on metals and/or alloys has
received limited attention. In a very recent study, Kim et al. [178] have synthesized self
standing graphene-CaCO; film, which showed very high in-vitro bone bioactivity after
exposure to the body fluid. The deposition of this film as a coating on biomedical Mg alloys
may provide improved corrosion resistance and biocompatibility. It is also reasonable to infer
that the presence of mechanically strong dispersed graphene network, which promotes the
formation of the thermodynamically most unstable phase of CaCOs, i.e. vaterite [179], may
help in improving the corrosion resistance (and hence, possibly the SCC resistance) in

physiological environment.
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2.9 Research problems and objectives

As discussed in this chapter, Mg alloys have emerged as potential candidates for construction
of biodegradable temporary implant devices owing to their excellent biocompatibility,
favourable mechanical properties and biodegradability. At the same time, they are also highly
susceptible to corrosion in the physiological environment. Furthermore, rapid corrosion of Mg
alloys in physiological environment is accompanied by excessive hydrogen evolution. More
importantly, implants will also experience mechanical loading in presence of aggressive
physiological environment that can cause environmentally assisted cracking, i.e. stress
corrosion cracking (SCC). It is therefore essential to evaluate the mechanical integrity/SCC
behaviour of biodegradable magnesium alloys before employing them in service. However,
very limited attention is paid to the evaluation of SCC and determination of important design
parameters (for example, threshold stress intensity for SCC (Kscc) and crack growth rates) for
biodegradable Mg alloys. In addressing the SCC of Mg alloys for implant application, there is

a need for investigating certain aspects as discussed below:
Obijective 1:
SCC of non-toxic, biocompatible and biodegradable magnesium alloys

Most of the commercial Mg alloys contain Al as the main alloying element. Since Al is
well known as neuro-toxicant and causes various neurological disorders [180], the Al-
containing magnesium alloys may not be used in biomedical applications. Accordingly, a
few novel Al-free biodegradable high strength magnesium alloys (ZX50 and WZ21) were
developed at ETH, Zurich for potential applications as cardiovascular stents and
temporary implants in osteosynthesis. However, the development of these alloys did not
take their resistance to SCC in human body fluid into account, and this study therefore
aims to investigate and evaluate the SCC resistance of these novel alloys in the

physiological environment.

47



Objective 2:

Mechanistic understanding of SCC of magnesium alloys in the physiological environment

Mg alloys are highly susceptible to corrosion and forms a poorly passivating film that
may facilitate SCC by dissolution mechanism. Mg alloys also produce hydrogen during
both anodic and cathodic corrosion reactions that may facilitate hydrogen embrittlement.
It is hypothesized that Mg alloys may undergo SCC by both dissolution and hydrogen
embrittlement mechanisms, but the contributions of the two may vary from alloy-to-alloy.
Most SCC studies on Mg alloys have been conducted on Al-containing AZ series alloys.
Therefore, this study will first investigate the possibility of dissolution and hydrogen
embrittlement mechanisms for a common alloy, AZ91D. Then, these mechanisms will be
investigated also for the Al-free magnesium alloys identified through Objective 1 above.
In addition, this study also attempts to determine the most important design parameters,

Kiscc and crack growth rates, for AZ91D alloy in the physiological environment.

Obijective 3:

Improved corrosion/SCC resistance by application of a novel biocompatible coating

Localized corrosion and/or pitting are the prime factor in causing SCC of the Mg alloys in
aqueous environments. If a suitable biocompatible coating that suppresses the localized
corrosion/pitting of Mg alloys in physiological solution is found, the mechanical integrity
of biodegradable Mg alloys could be improved. Accordingly, this thesis also aims to
develop an economical route for depositing novel graphene-CaCO; coating on the
magnesium alloy, AZ91D. It is hypothesized that strong mechanical network of graphene
that favour the formation of thermodynamically unstable form of CaCOj (i.e. vaterite),

which subsequently transform into hydroxyapatite during exposure to the body fluid, may
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actually help in decreasing the localized corrosion/pitting susceptibility, thereby

improving the SCC resistance.
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Chapter 3

3. Experimental principles and procedures

The evaluation of stress corrosion cracking (SCC) of biomedical magnesium alloys is of great
importance as described in the literature review (Chapter 2). Research objectives have been
accordingly identified, as also described in Chapter 2. To achieve these objectives, a few
experimental protocols have been followed. This chapter describes general experimental

procedures and details.
3.1 Test materials and environment

A few as-cast and wrought magnesium alloys have been characterized in this study for their
resistance to SCC in the physiological environment. The most common aluminum (Al)-
containing Mg alloy, AZ91D, was received in sand-cast form. The chemical composition of

AZ91D is shown in Table 3.1, as measured by the Spectrometer Services Pty Ltd.

Table 3.1: Chemical composition of AZ91D

Element Mg Al Zn Mn Fe Ce Si Cu

Wt. % Bal. 8.81 0.79 0.21 0.003 <0.01 <0.01 0.003

Another as-cast Mg alloy, Mg3Zn1Ca, was produced by induction melting of high purity Mg,
Zn and Ca in a steel mould crucible under an argon atmosphere and casting. The ZX50, WZ21
and WE43 Mg alloys were received from ETH Zurich and investigated in their as-received
extruded conditions. The ZX50, WZ21 and WE43 magnesium alloys were produced by

direct chill casting using magnesium and alloying elements (purity > 99.9 %). The



elements were melted in an electric furnace at ~ 690 °C and subsequently cast at a velocity
of 1.3 mm/s with continuous water cooling. All alloys were evaluated in their as-extruded
conditions. The extrusion ratio was 30:1 for WZ21 and ZX50, while 25:1 for WE43 [32,
153, 181]. The nominal chemical composition of each of the Al-free Mg alloy is provided in

Table 3.2.

Table 3.2: Nominal chemical composition (in wt. %) of Mg alloys used in this study

Alloy Mg Zn Zr Ca Mn Y Nd Al Other RE
Mg3zZnlCa Bal. 3 - 1 - - - - -
ZX50 Bal. 5 - 0.25 0.15 - - - -
Wz21 Bal. 1 - 0.25 0.15 2 - - -
WEA43 Bal. - 0.6 - 0.15 4 2.25 1

All the SCC and electrochemical experiments were performed in the physiological
environment of modified simulated body fluid (m-SBF). Till now, several simulated
physiological solutions have been used to carry out in-vitro assessments of Mg alloys, such as
Hanks’ solution, Ringer’s solution and simulated body fluids (SBF). In recent times, a few
studies have aimed at revising the simulated body fluids. The new SBFs (such as m-SBF)
have ion concentrations much closer to the blood plasma [182]. Oyane et al. [182] reported
that m-SBF showed no change in ion concentrations and pH for periods up to 8 weeks under
sealed storage, and concluded that m-SBF has an optimum ion concentration for in-vitro
assessments. A comparison of the m-SBF solution used in this study with the Hank’s solution,
original SBF and human blood plasma is provided in Table 3.3. The table shows the chemical
nature of m-SBF solution to be largely identical to that of blood plasma, except for the
concentration of HCOj3 ", which was set to the saturation level with respect to calcite. The m-
SBF solution was buffered with 2-(4-(2-hydroxyethyl)-1-piperazinyl) ethansulfonic acid

(HEPES) at a physiological pH of 7.4.
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In contrast, the original simulated body fluid (SBF) prepared by Kokubo et al. [183], which is
buffered using tris(hydroxymethyl)aminomethane (TRIS), has a HCO3 ion concentration of
only 4.2 mM (in contrast to the concentration of 27 mM in human blood plasma), and excess
of CI” concentration (148 mM in comparison to 103 mM in human blood plasma). The original
SBF solution prepared by Kokubo is thus considerably carbonate-deficient as well as chloride-
rich, which does not mimic the human blood plasma appropriately. These vast differences in
ion concentrations may result in erroneous in-vitro results, particularly since the chloride

concentration profoundly affects the corrosion kinetics of magnesium alloys [184, 185].

Table 3.3: Chemical composition of 7-SBF solution compared with Hanks’ solution, original

SBF prepared by Kokubo and the inorganic portion of human blood plasma

lon m-SBF (mM) Hanks’ solution (mM) Original SBF Blood plasma
[182] [70] [183] (mM) [182, 186]
Na* 142 142 142.0 142
K* 5.0 5.8 5.0 5.0
Mg 1.5 0.8 1.5 1.5
ca* 2.5 2.5 2.5 2.5
ol 103 145 148.8 103
HCO; 10 4.2 4.2 27
HPO,* 1.0 0.3 1.0 1.0
S04 0.5 0.8 - 0.5
Buffer HEPES TRIS TRIS -
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3.2 Stress corrosion cracking testing

3.2.1 Slow strain rate tensile (SSRT) testing

The SCC susceptibility of the magnesium alloys in m-SBF was investigated using slow strain
rate tensile (SSRT) testing. The test solution of m-SBF was maintained at a nominal body
temperature of 37 °C throughout the experiment. This study used round tensile specimens with
the gauge dimensions of 20 mm (length) and 3 mm (diameter), as shown in Fig. 3.1. Gauge
sections of these specimens were ground with SiC paper up to 2500 grit, and cleaned with

acetone and deionised water prior to the testing.

@3mm
d ‘ 5 R 2.5mm
(NI : [T

@ 8mm ———

/l\ Ié 25mm %I

Fig. 3.1. Geometry and dimensions of a SSRT specimen

Fig. 3.2 shows the details of the experimental set-up for the SSRT testing. In SSRT testing,
strain rate is a critical parameter and reported to have profound role on the SCC susceptibility
of Mg alloys (Section 2.5.2.1). The literature reports that strain rates in the range of 107" s*
render magnesium alloys susceptible to SCC in chloride solutions [18, 19, 35]. Different strain
rates were achieved by employing different fractions (15-40 %) of full speed of the motor of

the SSRT rig (Table 3.4).
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Fig. 3.2. Schematic of the experimental set-up of SSRT rig

Table 3.4: Different strain rates corresponding to the different motor speeds of the SSRT rig

Motor speed (%) Strain rate (s )
40 5x 1077
35 43 %10
30 3.1x10”
25 22%x107
15 1.2x1077

In the present study, specimens were pulled at different strain rates in the regime of 107 s,
During the SSRT tests, the exposed area of the test specimen was restricted to the gauge length
by wrapping the rest of the specimen with Teflon tape, thus maintaining a constant area for

exposure to the corrosive solution and avoiding galvanic effects. Also, to simulate the flowing

55



body fluid, a submersible pump was used to continuously circulate the m-SBF through a
corrosion vessel of the SSRT set-up, in which the test specimen was immersed, as shown in
Fig. 3.2. The circulation of the m-SBF solution using a water bath maintained a temperature of
37 °C (which is similar to the human body temperature). This arrangement also avoided
localized change of the pH in the vicinity of the test specimen throughout the experiment. All

the SSRT experiments were performed in duplicate to examine the reproducibility.

The characterization of SCC susceptibility of magnesium alloys is a considerable challenge.
To address this complication, two carefully selected mechanical parameters have been
compared in this study, before inferring the SCC. These parameters are: ultimate tensile stress
(UTS) and elongation-to-failure (&) in m-SBF and air environment. The SCC susceptibility of
each alloy was established on the basis of the SCC susceptibility index (Iscc). The lscc is the
ratio of & or UTS measured in a corrosive environment (m-SBF solution) to the corresponding
value in an “inert” environment (air). The SCC susceptibility index (1) are defined in

Equations 3.1 and 3.2 [18].

UTS in m—SBF

lors = —rgio (3.1)

UTS in air

| = g in m—SBF (32)

€ £ in air

When the value of a susceptibility index (I) approaches unity, it is assumed that the material is
highly resistant to the SCC in a given environment. However, the smaller the value of the

index (than 1), the greater is the susceptibility to SCC.

To carry out investigations to distinguish the dissolution and hydrogen embrittlement
mechanisms of SCC, separate SSRT experiments were carried out under imposed
electrochemical potentials. Facility for imposed potential SSRT experiments is also shown in
Fig. 3.2. During imposed potential SSRT testing, specimens were continuously charged

cathodically at a constant potential of 200 mV (vs. saturated calomel electrode (SCE)) negative
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to the open circuit potential using a potentiostat, while straining the specimens simultaneously
in m-SBF. A conventional 3-electrode cell, with a platinum mesh as the counter electrode, a
SCE as the reference electrode and the SSRT specimen as the working electrode, was used.
Anodic dissolution of the alloys was assumed to be minimal at the applied cathodic potential

during cathodic charging SSRT experiments.

3.2.2 Circumferential notch tensile (CNT) testing

A novel fracture mechanics-based technique, i.e. circumferential notch tensile (CNT) testing,
was used in this study for determination of threshold stress intensity of SCC (Kscc) and crack
growth rates of AZ91D in m-SBF at 37 °C. Round tensile specimens, with 9.5 mm diameter

and a sharp 60° “V” shape notch in middle, was used, as shown in Fig. 2.13.

3.2.2.1  Fatigue pre-cracking using rotating bending machine

For generating Kscc data, the CNT specimens need to be fatigue pre-cracked to generate sharp

enough cracks to satisfy constraints of LEFM (discussed in Section 3.2.2.4).

The CNT specimens were fatigue pre-cracked using a cantilever-type rotating bending fatigue
machine. The specimen was held by a collet chuck on one side which was connected directly
with a motor through a shaft supported by a pair of bearing. The pre-cracking of CNT
specimens was conducted at a rotating speed of 2800 rpm and an applied pneumatic pressure
of ~200 kPa (at the free end of the specimen). The size of fatigue pre-crack is determined after
the specimen failure. However, during the rotating-bending operations, a linear variable
displacement transformer (LVDT) was used to measure the deflection at the point where load
was applied. Through trial-and-error, it was established that a deflection of 0.018 mm (shown
on a digital display) was sufficient to produce a fatigue pre-crack that will satisfy the valid

plane strain conditions.

57



3.2.2.2  Measurement of eccentricity

One of the critical issues in accurate determination of stress intensity (K,) by the CNT method
is possible effect of the eccentric final ligament produced during fatigue pre-cracking of
specimens by rotating/bending. As shown in Fig. 3.3, the ligaments are elliptical and off-center
due to the insufficient isotropy in fatigue characteristics of the material. When the ligament is
off-center, the final fracture of the specimen will not only result from tension force but will
also have a component of the bending force. Therefore, effect of the eccentricity must be taken

into account for accurate calculation of the K.

Fig. 3.3. Eccentricity of the final ligament after fatigue pre-cracking [124]

To calculate the eccentricity, twelve measurements of fatigue crack depth (arf) and the

machined grove depth (an) were measured at 30 intervals, using a profile projector (Fig. 3.4).
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- )
Fig. 3.4. (a) Profile projector and (b) eccentricity measurement of the final ligament [124]

Avrea of every wedge (A;) of 30" is calculated using the Equation 3.3.
Awi == (0.5D — i - am)? (3.3)
12 '
Total ligament area can be given by Equation 3.4:
A= z%(o.so — ari- am)> (3.4)

After calculation of total ligament area, the diameter of ligament can be calculated using

Equation 3.5.
d=.— (3.5)

The first moments of area of a 30" wedge about the X and Y axes, respectively, are calculated

using Equations 3.6 and 3.7:

M =%(O.5D—aﬁ_am)3sin 0 (3.6)
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Myi =%(0.5D—afi—am)3COSt9 (3.7)

Hence, the total moment of all the wedges about X and Y axes can be calculated using

Equations 3.8 and 3.9.

My = le(% (0.5D — asi - am)® sin ej (3.8)

i=1

i=12
My:Z(%(O.SD—aﬁam)SCOSHj (3.9)

i=1
The X and Y coordinates of the centroid of the ligament have been obtained using Equations

3.10 and 3.11.

i=12 T
(18 (0.5D —ari - am)® sin 9)
X =12 (3.10)

i=12
>~ (05D -ai-an)’
12

i=1

i=12 T
Z((O.SD—aﬁam)%os@j
V: iz\18

(3.11)

i=12
> 2 (05D -ai-an)’
12

i=1

Therefore, the eccentricity (&) can be calculated using Equation 3.12.

e=VX +Y? (3.12)

3.2.2.3  Calculation of applied stress intensity (K)

After fatigue pre-cracking, specimens are loaded at different constant stresses. They fail after
different time durations. Using data from the fractured surface of the specimen after failure
(fatigue crack and machined notch depth), the stress intensity (K;) is determined by the

following relationships (Equations 3.13 to 3.19):
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K, = (o, +o,)Jant,

D-d
a=——
2

4P

O, = 7Z-D2

16P¢

b = 7Z'D3
Fo — Fea(s/D)

1.25

- [1—(2a/ D)-*71%*

—4.889[E]
a =22.188e D

where,

P is the tensile force applied to specimen (N)

D is the specimen outside diameter (m),

(3.13)

(3.14)

(3.15)

(3.16)

(3.17)

(3.18)

(3.19)

d is the equivalent diameter of final ligament area (m),

ot is the tensile stress applied to the specimen (Pa),

oy 1S the bending stress induced by the eccentricity of the ligament (Pa),

¢ Is the eccentricity (m),

a is the effective crack depth (m),

F, is the geometrical function depending upon the geometry of fatigue crack

F is the geometrical function for round specimen without eccentricity and,

o IS a constant

The first estimate of K, is obtained by using the effective crack length (a) in Equation 3.13. This

estimate of K, is used to get the Irwin correction factor (r,) from Equation 3.20 and @ from

Equation 3.21, and hence, the final K is calculated using & in place of a.
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1 (K,
Y 6rl oy
y (3.20)

a=a+r, (3.21)

where, gy is the 0.2 % offset tensile yield stress (Pa).

3.2.2.4  Validity requirement for K, measurements

The data generated with CNT technique comply with the principles of linear elastic fracture
mechanics (LEFM). LEFM is applicable with the assumption that the crack propagate in
elastic brittle manner. The LEFM approach is only valid if the size of plastic zone ahead of the
crack tip is negligible as compared to the specimen geometry. Therefore, specifications for

examining the validity of measured K, have been developed for CNT specimens [131, 187].
The validity requirements for calculating the K, values are expressed in Equations 3.22 to 3.24.

First criteria: The deepest fatigue crack (as) must be at least twice the Irwin correction factor

(ry) in order to fully develop the required plane strain conditions.

as = 27, (3.22)
where,
D-2a_-d
a, = g+(—gm) (3.23)

Second criteria: Stress applied on the specimen must not be greater than 2.5 times the tensile

yield strength of the material.

N <25 (3.24)
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3.2.25 Determination of K;scc

The time-to-failure (t;) is obtained at different K, for specimens of the same material under
same experimental conditions. A K, vs. t; plot enables the determination of K,scc (which is the
minimum stress intensity required for the crack initiation in a given corrosive environment), as
shown in Fig. 3.5 [132]. Therefore, the tested metal or alloy is considered resistant to SCC at

the K, values lower than the K;scc.

90 —»
80 -
70 4\
60 :
50 = KISCC
404\

K, (MPa m1/2)
B

30 - s ™

L a
20 = " Base Metal

12

10

0 500 1000 1500 2000 2500
Time to failure ( h)

Fig. 3.5. Determination of K of base metal and simulated heat affected zone (SHAZ) of
grade 250 steel in 30 % caustic solution at 100 °C (asymptote to the time to failure axis in K,

vs. time to failure plot gives the K. value)

3.2.2.6  Determination of crack growth rate

An average crack growth rate is generally determined by measuring the longest crack and
dividing it by the time-to-failure for the particular specimen. However, crack growth rate
determination by this method assumes that the crack initiates at the start of the test, which is
not necessarily the case. In this study, crack growth rate was determined by using the Equation

3.25:

63



da _dK, da

il 3.25
dt  dt dK, (3:29)

where, a is effective crack length in m and t is time in h.

dK . . . . . .
The term d_tl of Equation 3.25 is determined from the relationship between K, and time-to-

failure, whereas the term dd_a can be determined from the relationships for deriving K, [130].
|

3.2.3 Fractography

Fractography is generally performed to characterize the failure modes. The most typical features of
ductile failure due to mechanical overloading are dimples (Fig. 3.6a), whereas SCC is exclusively
characterized by brittle failure in transgranular (Fig. 3.6b) and/or intergranular (Fig. 3.6¢) fashion.
It is typical of an alloy susceptible to SCC that the crack first propagates in transgranular and/or
intergranular mode. Once a critical SCC crack length is achieved, mechanical overloading

(ductile failure) takes over in the final stage of cracking.

In the present study, to examine the presence of SCC (i.e. intergranular/transgranular modes),
fractography was performed on the fractured surfaces using JEOL 840A scanning electron
microscope (SEM). Before fractography, fracture surface was cleaned using 20 wt. % CrO3 and 10

wt. % AgNO; solution.
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Fig. 3.6. Representative fractographs of (a) ductile failure due to mechanical overloading [36],

(b) exclusive transgranular SCC [133], and (c) exclusive intergranular SCC [134]

3.3 Electrochemical characterizations

Electrochemical testing was performed for qualitative and/or quantitative investigations of the
corrosion kinetics of the Mg alloy substrates as well as the coated specimens. All the
electrochemical experiments were carried out in a conventional three-electrode cell that has a
saturated calomel electrode (SCE) as the reference electrode and a platinum mesh as the
counter electrode. A schematic of the electrochemical cell is shown in Fig. 3.7. Before
electrochemical experiments were started, open circuit potential (OCP) was monitored for
immersion period of 2 h, i.e. the time required for the stabilization of the electrochemical
system, using a PARSTAT 2273 (Princeton Applied Research) potentiostat. A fluctuation of

less than 10 mV over a period of 1000 s is generally taken to indicate stabilization.
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As also described in the case of SCC testing set-up, a submersible pump was used to
continuously circulate the m-SBF through inlet and outlet of the electrochemical cell (as
shown in the experimental set-up in Fig. 3.7). The circulation of the m-SBF solution using a
water bath and heater also maintained the body temperature of 37 °C. All the electrochemical

tests were at least duplicated in order to examine the reproducibility of the results.

Counter electrode (Pt) ——> r Reference electrode (SCE)
m-SBF outlet
—
|
A4
AN
L L Working
m-SBF inlet electrode
—
I m-SBF

—

€<— Water bath

Submersible pump

Fig. 3.7. Schematic diagram of the experimental set-up for electrochemical experiments

3.3.1 Potentiodynamic polarization

The potentiodynamic polarization scans were performed for investigating the cathodic and
anodic current densities of different specimens (Mg alloy substrates, graphene-CaCO; and
only-CaCO; coated Mg alloy) in m-SBF solution at 37 °C. The scans were carried out starting
at 250 mV more negative to open circuit potential in the m-SBF solution at a scan rate of 0.5

mV/s.
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3.3.2 Electrochemical impedance spectroscopy (EIS)

Electrochemical impedance spectroscopy (EIS) is used for quantitative measurement of
polarization resistance of different systems such as alloys, metals, coated alloys etc. EIS has
many advantages in comparison with other electrochemical techniques. Due to application of
very small amplitude of AC potential signal, it is a non-destructive method for the evaluation
of detailed time dependent corrosion kinetics at different interfaces, viz., metal/electrolyte,
coating/electrolyte, metal/coating etc. Furthermore, the application of appropriate equivalent
electrical circuit (EEC) based upon hypothetical corrosion mechanism makes possible to
calculate interfacial resistances and capacitances, which can be related to the homogeneity of
the corrosion films/coating and can describe corrosion mechanisms. Also, the relative
magnitudes of these interfacial resistances and capacitances provide an estimation of the
protection provided by a film/coating. To select the most probable equivalent circuit, three
conditions should be considered and fulfilled: (i) EEC must represent the physical significance
of electrochemical phenomena of the system, (ii) EEC should minimize the relative error for
each frequency point for both absolute and imaginary parameters, and (iii) EEC should offer
low chi-square values (typically below 107%) [188]. Once an appropriate EEC have been
chosen, the experimental EIS data is simulated by chosen EEC using complex nonlinear least

square fitting (CNLS) method.

In this study, EIS experiments were carried out by applying a sinusoidal potential wave at open
circuit potential with amplitude of 10 mV. Impedance response was measured over frequencies
between 1 MHz and 10 mHz, recording 10 points per decade of frequency, using PAR power
suite electrochemistry package. Impedance analysis was carried out using PAR ZSimpWin

software generally on the experimental EIS data in frequency range of 100 kHz-50 mHz.
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3.4 Post corrosion analysis

Corrosion morphologies of the different specimens (graphene-CaCO; and only-CaCO; coated)
were examined using a JEOL 7001F SEM. The specimens were analyzed without cleaning the
corrosion products (corroded specimens were just rinsed with deionised water and were
subsequently dried with compressed air). Also, all the corroded specimens were gold coated

prior to the SEM to avoid charging of less conducting corrosion products.
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Chapter 4

4. Stress corrosion cracking of AZ91D and Mg-Zn-Ca alloys
under dynamic and static loadings in the physiological
environment*

4.1 Introduction

As described in Chapter 2 (Section 2.6), it is essential that metallic implant materials possess
adequate resistance to cracking/fracture under synergistic action of the corrosive physiological
environment and mechanical loading (i.e. stress corrosion cracking (SCC)), before the implant
can be put to actual use. In general, aluminium (Al)-containing magnesium alloys (such as AZ
series) have been reported to be highly susceptible to SCC and the susceptibility generally
increases with Al content, as shown in Fig. 2.9. In such alloys, SCC-induced fractures may
occur at stresses as low as 50 % of the yield strength. It is also noted that the most SCC studies
have been conducted on Al-containing magnesium alloys in aqueous environments. However,
the Al-containing Mg alloys may not find actual use as human implants because Al is reported
to be toxic to human health (as Al can cause neurological disorders such as dementia and
Alzheimer’s disease) [28, 180]. Nevertheless, this chapter first investigates the mechanistic
understanding of SCC of Mg alloys in the physiological environment. For this purpose, one

of the most common magnesium alloys, AZ91D, was investigated under dynamic and

*Results of this chapter have been published in the following papers:

(1)  Lokesh Choudhary, R.K. Singh Raman, “Magnesium alloys as body implants: Fracture
mechanism under dynamic and static loadings in a physiological environment”, Acta
Biomaterialia, 8 (2012) 916-923

(2) Lokesh Choudhary, R.K. Singh Raman, “Mechanical integrity of magnesium alloys in a
physiological environment: Slow strain rate testing based study”, Accepted for publication in
Engineering Fracture Mechanics (DOI: 10.1016/j.engfracmech.2012.09.016)
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static loading in m-SBF. This exercise also provided the baseline data for other magnesium
alloys that can be actually used as biodegradable implants (such as Mg-Zn-Ca alloy developed

in this study with Zn and Ca as main alloying element to avoid toxicity issues).

In summary, this chapter presents the assessment of SCC of a rapidly corroding Mg alloys, and
investigates the SCC mechanism in m-SBF. The SCC susceptibility of the alloy in m-SBF was
established by slow strain rate tensile (SSRT) testing using smooth specimens under different
electrochemical conditions for identifying the SCC mechanism. However, to assess the life of
the common implant devices (such as screws, pins, rods, wires and stents) that often possess
sharp contours, protrusions, fine micro-cracks, SCC susceptibility of notched specimens of
AZ91D was also investigated by a fracture mechanics based technique, circumferential notch
tensile (CNT) testing. CNT tests also produced important design data, i.e. threshold stress
intensity for SCC (Kscc) and SCC crack growth rate, in m-SBF environment. Fractographic
features of SCC were examined using scanning electron microscopy. This chapter also
compares the SCC behaviour of AZ91D and Mg-Zn-Ca alloys in the physiological

environment, based on their electrochemical characteristics.

4.2 Experimental

The details of the chemical composition of AZ91D and Mg3Zn1Ca alloys have been provided
in Table 3.1 and 3.2, respectively. The physiological environment of modified simulated body

fluid (m-SBF) was chosen as described in Chapter 3, Section 3.1.

Experimental details about the specimen dimensions and geometries, slow strain rate tensile
(SSRT) testing, circumferential notch tensile (CNT) testing, fractography and potentiodynamic

polarization have also been provided in Chapter 3.
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4.3 Results and discussion

4.3.1 SCC of AZ91D under dynamic and static loadings

4.3.1.1 Microstructure of AZ91D alloy

The microstructure of as-cast AZ91D magnesium alloy is shown in Fig. 4.1. It is mainly
composed of primary a-Mg phase and secondary B-phase (the latter is primarily present along
the grain boundaries). The discontinuous [ precipitate is well established to be the

intermetallic compound, Mg;;Al, [72, 97].

Fig. 4.1. Microstructure (SEM back-scattered electron image) of AZ91D alloy

4.3.1.2 Slow strain rate tensile (SSRT) testing of AZ91D

The stress vs. strain curves for the AZ91D alloy (in m-SBF solution at 37 °C and laboratory
air) at the strain rates of 5.0 x 10" s %, 3.1 x 10 " st and 1.2 x 10" s™* are shown in Fig. 4.2a,

4.2b and 4.2c, respectively.
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Fig. 4.2. Stress vs. strain curves for AZ91D in »-SBF solution and air at the strain rates: (a)

50x1077s, (b)3.1x 107 s "and (c) 1.2 X 107" 5™

AZ91D tested at the strain rate of 5.0 x10' s in air (Fig. 4.2a) exhibited an elongation-to-

failure (&) of (5.1 £ 0.3) % and UTS of (170 £ 7.1) MPa. At the same strain rate when tested in

m-SBF solution, AZ91D suffered a significant loss in the mechanical properties (g = (3.2 =

0.1) % and UTS = (128 £ 3) MPa). Similarly, as shown in Fig. 4.2b and ¢, AZ91D tested at the

lower strain rates of 3.1x10™" and 1.2 x10 " s * in air exhibited superior mechanical properties

(¢s and UTS) as compared to the specimens tested in m-SBF at these strain rates. These

deteriorations in the & and UTS could be the result of susceptibility of the AZ91D alloy to the

SCC in m-SBF solution. For confirmation, fractography was performed on the failed

specimens of AZ91D.
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The overall fracture surface of specimen tested in air is shown in Fig. 4.3a. The fracture
surface of the specimen tested in air primarily revealed dimples at higher magnification (Fig.
4.3b), confirming the mechanical overload failure. There were also occasional features of
brittle fracture, which may be associated with secondary phase particles of the alloy
(predominantly, p-phase). Mix-mode fracture observed in air is consistent with the
fractographic features for the magnesium alloy tested in air and reported in the literature [18,

19].

Fig. 4.3. Representative fractographs of the AZ91D tested in air: (a) overall fracture surface,

(b) the fracture surface showing dimples and occasional instances of brittle fracture

Fig. 4.4 represents the fractographs of the AZ91D specimen tested in m-SBF solution at the

-7 S—l

strain rate of 1.2 x 10 . The overall fracture surface (Fig. 4.4a) suggests that the specimen

has undergone pitting and localized corrosion along the circumference. The SCC was
manifested by the presence of transgranular cracking (Fig. 4.4b, arrow) and crack branching

(Fig. 4.4c) on the fracture surface. The fractograph of the specimen tested in m-SBF at the

-1

strain rate of 3.1 x 10™" s * showed similar SCC features to the specimen tested in m-SBF at the

strain rate of 1.2 x 10" s .
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Fig. 4.4. Fractograph of the AZ91D specimen tested in 7-SBF solution at 37 °C at the strain
rate, 1.2 X 107" s™" (a) overall fracture surface (arrows indicate pitting at the circumference),
(b) evidence of transgranular cracking (indicated by arrow) and (c) fractograph showing crack

branching

Fig. 4.5a represents the overall fracture surface of AZ91D alloy tested in m-SBF solution at 5.0

x 107" s™1. At a higher magnification, the fracture surface reveals transgranular cracking (Fig.

4.5).
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Fig. 4.5. Fractograph of the AZ91D specimen tested in 7-SBF solution at 37 °C at the strain

rate, 5.0 X 107" s ": (a) overall fracture surface, (b) evidence of transgranular cracking

In an another set of experiment, SSRT tests on AZ91D alloy in m-SBF were conducted at a
strain rate of 2.2 x 107 s”! under different conditions: (a) strained in air, (b) strained in m-SBF
solution, (c) immediately strained in air after pre-immersion in m-SBF solution for 28 h, and
(d) continuously cathodically charged and simultaneously pulled in m-SBF. The purpose of
these tests were to investigate: (1) the occurrence of SCC and its mechanism, and (2) whether
the loss of the mechanical property is indeed a result of the synergistic effect of stress and
corrosive environment (i.e. SCC), or whether it can simply be attributed to the continuously
reducing cross-sectional area of the specimen due to high corrosion rate of magnesium alloys.
The stress vs. time curves for AZ91D alloy under these conditions are presented in Fig. 4.6.
AZ91D tensile specimen, which was strained continuously in m-SBF at a strain rate of 2.2 x
10" st (Fig. 4.6b), failed in 28 h. Accordingly, a pre-immersion time of 28 h was selected for
straining the pre-immersed AZ91D tensile specimen in air, assuming the stress-independent
corrosion damage to be similar to that of specimen strained in m-SBF solution. The specimen
pulled in m-SBF solution (Fig. 4.6b) shows a considerable reduction in mechanical properties
as compared to the specimen pulled in air (Fig. 4.6a). The stress-time curve for the specimen

pre-immersed in m-SBF for 28 h and then strained in air (Fig. 4.6c) is very similar to the
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specimen pulled in air (Fig. 4.6a). Therefore, it is fair to infer that the simultaneous effect of
stress and corrosive environment (i.e. SCC) was the primary cause of the loss of mechanical
property in the case of specimen pulled in m-SBF (Fig.4.6b) and the stress-independent
corrosion contributed only marginally. Also, a considerable loss of the mechanical strength
and a decrease in the time-to-failure were observed in continuous cathodic charging conditions
(i.e., when anodic dissolution is minimal, Fig. 4.6d). Thus the cathodic charging experiment
infers hydrogen-induced cracking as the SCC mechanism. However, the maximum loss in
strain (elongation-to-failure) was observed in the case of the specimen strained in m-SBF
solution at open circuit conditions (Fig. 4.6b), which indicated the possibility of a combined
effect of hydrogen-induced cracking and anodic dissolution. This combined mechanism may
be plausible for magnesium and its alloys, which are known to invariably produce considerable

amounts of hydrogen during anodic dissolution.

180 A (a) Air
e« (b) m-SBF
160 -  ecccee (c) Pre-immersed :
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Fig. 4.6. Stress vs. time plots of AZ91D alloy tested at a strain rate of 2.2 X10™'s™: (a) in air,
(b) in 7-SBF solution, (c) pre-immersed in 7-SBF for 28h and then immediately strained in
air, and (d) continuously charged at 200 mV cathodic to open circuit potential in 7-SBF

during the test
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The fractographs for the specimen tested in air at 2.2 x 107" s™* were similar to the fractographs
of the specimen tested at 1.2 x 10 's* and 5 x 10" s (Fig. 4.3), and showed dimples over
the fracture surface. The fractograph for the specimen pulled in m-SBF solution at 37 °C is
shown in Fig. 4.7. Overall fracture surface of the specimen tested in m-SBF shows the
localized attack at the specimen circumference (Fig. 4.7a). At higher magnification, the

fractography of this specimen revealed distinctive features of SCC such as transgranular

cracking and localized cracks (Fig. 4.7b).

Fig. 4.7. Fractograph of the specimen failed in 7-SBF at a strain rate of 2.2 X 107 s™": (a)

overall fracture surface, and (b) evidence of transgranular cracking

The fractograph for the specimen immersed in m-SBF for 28 h followed by straining in air
showed dimples (Fig. 4.8a) similar to that observed for the specimen tested in air, suggesting
the ductile failure. The specimen that was cathodically charged and simultaneously pulled in
m-SBF solution exclusively showed evidences of the transgranular cracking (arrows, Fig.
4.8b). The transgranular cracking observed in the case of cathodically charged conditions is
attributed to mechanism involving hydrogen. In this mechanism, the hydrogen generated

during the cathodic charging diffuses ahead of crack tip and embrittles the matrix [35].
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Fig. 4.8. SEM fractographs for the specimens: (a) immersed in 7-SBF solution for 28 h and
then strained in air, and (b) continuously cathodically charged and simultaneously pulled in 7-

SBF

Although SSRT testing in different environmental conditions could mechanistically establish
the SCC susceptibility of AZ91D in the physiological environment, it is also equally important
to determine the SCC design parameters (i.e. threshold stress intensity for SCC (Kscc) and
crack growth rates) using a fracture mechanic-based study in order to estimate the life time of

temporary implant devices.

4.3.1.3  Circumferential notch tensile (CNT) testing for K;scc data

Before CNT testing, a sharp fatigue pre-crack was produced ahead of the machined notch
using a cantilever-beam rotating-bending fatigue machine. The fatigue pre-cracked CNT
specimens of AZ91D alloy were loaded at different stress intensities in m-SBF at 37 °C.
Specimens failed after different time durations depending on the applied stress intensities. The
K, at each applied load was calculated (following the procedure described in Section 3.2.2.3)
and plotted against the time-to-failure (Fig. 4.9). As evident from Fig. 4.9, the time-to-failure
increased exponentially with decreasing stress intensity. For example, a CNT specimen loaded

at a stress intensity of 11.7 MPa m* failed in only 16 h, whereas it took 119 h for a specimen
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loaded at a stress intensity of 6.8 MPa mY? to fail. The threshold stress intensity was
determined by drawing an asymptote to time-to-failure axis in the plot of stress intensity vs.

time-to-failure (Fig. 4.9). This is consistent with the common practice [132]
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Fig. 4.9. K, vs. t; plot of AZ91D alloy tested in 7-SBF at 37 °C

As described in Section 3.2.2.4 in Chapter 3, K, data generated from each test had to be

subjected to the rigorous validity tests. Table 4.1 would suggest that the K, data used for the

plot in Fig. 4.9 passed the validity requirements.
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Table 4.1: Experimentally determined K| data satisfying the validity requirement

Ki (MPa m*?) t; (h) ar (mm)* 2r, (mm)* on/oy* Deviation
13.2 0 1.4 1 2.43 +0.44
12.2 3.4 1.32 0.92 2.33 +0.35
11.7 16 1.44 0.87 2.28 +0.14
9.5 108.5 1.32 0.67 2 +1.17
6.8 119 1.25 0.42 1.39 +1.27
5.9 428 1.25 0.34 1.25 +0.48
6.5 214 1.21 0.37 1.31 +0.044
4.8 Did not fail 1.45 0.24 1.19 +0.37

* gy is fatigue crack depth (m), r, is Irwin correction factor (m), oy is nominal applied stress (Pa)
and gy is 0.2 % offset tensile yield stress (Pa).

The equation of the curve which best fits the experimental results (Fig. 4.9) can be given by

Equation 4.1:

t
K, =7.58exp| ——— |+5.18 (4.1)
123.58

According to Equation 4.1, the value of K; when producing a horizontal asymptote to time-to-
failure axis in Fig. 4.9 (i.e., Kiscc) is 5.18 MPa m*? for AZ91D alloy in m-SBF. Table 4.1 also

shows that a specimen tested at K, below 5.18 MPa m*? did not fail within 1000 h.

Fracture surfaces of CNT specimens were observed under the scanning electron microscope
(SEM) after cleaning of corrosion products. Fig. 4.10a shows the overall fractograph of a

2 The fracture surface consisted of four

specimen that failed at a stress intensity of 6.8 MPa m
regions: machined notch, fatigue pre-cracked region, SCC zone and mechanical overload
failure zone. At higher magnifications, distinctive features of each of these regions become

clearer. Fig. 4.10b shows the transition from fatigue pre-cracked region to SCC zone. The

fatigue pre-cracked region is characterized by beach marks running from the circumference.
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The SCC region mainly consisted of transgranular cracking and a few cleavage marks, which
may be an indicative of hydrogen-assisted cracking. Apart from transgranular cracking, a few
localized pits were also visible. The stress corrosion crack propagated transgranularly until the
critical stress intensity (i.e fracture toughness) was attained. At this stage, the mechanical
overloading occurred. Accordingly, the central part of the fracture surface revealed ductile
failure characterized by dimple formation (Fig. 4.10c), which confirmed that the final failure

indeed occurred by mechanical overloading.

Fig. 4.10. SEM fractographs of the specimen tested at K, = 6.8 MPa m'* (a) the overall
fracture surface showing machined notch, fatigue pre-crack, SCC and mechanical failure
zones, (b) fractograph showing fatigue pre-cracked and SCC zones (arrow indicating the crack

propagation direction), and (c) mechanical failure zone showing the dimples
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Fractographs in Fig. 4.11 suggest the fracture features of the specimen tested at another stress
intensity (11.7 MPa mY?) to be similar to those in Fig. 4.10. It has been reported [114] that
SCC of Mg-Al alloys is usually transgranular, but instances of intergranular cracking or a mix
of both are also reported. Stameplla et al. [36] reported the transgranular SCC of magnesium
alloys to be associated with conditions causing electrochemical breakdown or mechanical

rupture of protective films at the crack tip, which allows the hydrogen entry.

Fig. 4.11. SEM fractographs of the specimen tested at K; = 11.7 MPa m"* (a) the overall
fracture surface showing machined notch, fatigue pre-crack, SCC and mechanical failure
zones, (b) fatigue pre-cracked area, (c) fractograph showing transition from fatigue pre-
cracked area to SCC zone (arrow indicating the crack propagation direction), and (d)

mechanical failure zone showing the dimple formation

Temporary biodegradable implants are required to serve at least for a definite time period
depending on their applications such as the age of a patient. For the implant devices with sharp
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corners and protrusions, it is essential to determine the stress corrosion crack growth rate for
predicting the service life of the component in the physiological environment. When the
growing crack reaches the critical size, the mechanical overloading takes over before the
fracture. The crack growth rate for AZ91D alloy in m-SBF is calculated (as discussed in
Section 3.2.2.6) from Equation 3.25 for each value of K,. The Fig. 4.12 represents the crack
growth rate vs. K, for AZ91D alloy in m-SBF. The equation of the line in Fig. 4.12, which best
fits the results of da/dt vs. K, for the AZ91D magnesium alloy in m-SBF at 37 °C, is as

follows:

% = (2.31x10 1)K, ~1.27x107°

(4.2)
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Fig. 4.12. Crack growth rate (da/dt) vs. K, plot for AZ91D alloy in 7-SBF at 37 °C

In term of crack growth rate, K,scc is defined as the point where crack growth becomes zero or

insignificantly slow, such as 10 m/s [189]. Accordingly, in this study, a crack growth rate
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less than 1 x 10 ** m/s was considered as a zero crack growth rate. On this basis, the Kjscc was
determined (using Equation 4.2) to be 5.5 MPa m*? for AZ91D alloy in m-SBF at 37 °C. This

is similar to the experimentally determined Kscc value (5.18 MPa m*?).

The crack growth rate increases monotonically with increasing K;, as suggested by Equation
4.2. The crack growth rate was in the range of 10 m/s for AZ91D alloy in m-SBF at stress
intensities > 10 MPa m*2, while it was in the range of 107*° m/s for stress intensities in the
range of 6.5 - 10 MPa mY2 Similar crack growth rates (1.2 x 107 — 6.7 x 10°° m/s) were
reported in the literature for AZ91D alloy in distilled water under constant extension rate test

conditions [105].

Some of the implant devices (e.g. stents and screws) generally have the locations of stress
concentrations, such as sharp contours, that can often show crack-like behaviour. Following
the procedure demonstrated in this study, it should be possible to calculate the mechanical
integrity and life of such implants of magnesium alloys using the stress intensity-crack growth
relation. Of course, the in-service inspection of the crack growth of such implants will be a
non-trivial task. However, the flaw-tolerant design assessment of the implant devices (that may
have a pre-existing fine crack), by the CNT testing as demonstrated in this study, will provide
a crucial information on whether the existing crack will be tolerable for the given service time
of the device [190]. It is also noted that CNT testing is one of the least expensive techniques

for generating Kscc and crack growth data [191].

As discussed earlier, the Al-containing Mg alloys are unlikely to be used as implant materials.
Nevertheless, this study provides an improved mechanistic insight into SCC fracture
characteristics for magnesium alloys in physiological environment, in general, which will be a
useful guideline for the potential magnesium alloys that can actually be employed. However,
in the present study, an Al-free magnesium alloy (Mg-Zn-Ca alloy) was also included. While

Ca and Zn are both non-toxic to the human body [29], Zn addition also improves strength of
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magnesium alloys through the solid solution hardening [15, 67]. Addition of Ca is reported to
refine the microstructure and improve strength as well as the corrosion resistance of
magnesium alloys [16, 192]. The present study also investigates the stress corrosion cracking
behavior of Mg- 3 wt. % Zn-1 wt. % Ca (Mg3Zn1Ca) magnesium alloy in the physiological

environment using slow strain rate tensile (SSRT) testing.

4.3.2 SCC of Mg-3wt. % Zn - 1 wt. % Ca (Mg3Zn1Ca) alloy

4.3.2.1 Microstructure of Mg3Zn1Ca alloy

Back scattered scanning electron microscopy image of Mg3Zn1Ca alloy is shown in Fig. 4.13.
It consisted of the a-Mg matrix and secondary phases (which are reported to be Ca,MgsZns
and Mg,Ca [99, 193, 194]) mostly along the grain boundaries. The grain size was in the range

of 60-80 pum.

: 100um '

Fig. 4.13. Back scattered SEM microstructure of as-cast Mg3Zn1Ca alloy
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4.3.2.2 Slow strain rate tensile (SSRT) testing of Mg3Zn1Ca alloy

The stress vs. strain curves for the Mg3Zn1Ca alloy (in m-SBF and air) at the strain rates of

5.0x 10 "stand 1.2 x 10" s are shown in Fig. 4.14a and 4.14b, respectively.
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Fig. 4.14. Stress vs. strain curves for the Mg3Zn1Ca alloy at the strain rate of: (a) 5.0 X 107’

s 'and (b) 1.2 x 107 "s™"
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Similar to the AZ91D alloy (Fig. 4.2c), the Mg3Zn1Ca alloy also shows the significant SCC
susceptibility at the strain rate of 1.2 x 10" s™*, which was characterized by a drastic decrease
in the magnitude of UTS and elongation-to-failure (&) in m-SBF solution as compared to air
(Fig. 4.14b). The decrease in mechanical properties, UTS and &, in m-SBF (as compared to the

air) was less pronounced at the strain rate 0f 5.0 x 10" s*

(Fig. 4.14a) in comparison to those
of at the strain rate, 1.2 x 10" s * (Fig. 4.14b). This trend is also similar to the one for the

AZ91D alloy (Fig. 4.2a and 4.2c).

Fig. 4.15 shows the fracture surface of the Mg3ZnlCa alloy tested in air. At a higher

magnification (Fig. 4.15b), the fracture surface reveals dimples as the primary feature.

Fig. 4.15. Typical fractograph of the Mg3Zn1Ca alloy tested in air: (a) overall fracture surface

and (b) fracture surface showing dimples as the primary feature

Fractographs of the Mg3Zn1Ca alloy specimen tested in m-SBF at the strain rate of 5.0 x 10’
s* are shown in Fig. 4.16, which revealed pitting (Fig. 4.16a) and the areas of transgranular

cracking as indicated by arrows (Fig. 4.16b).
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Fig. 4.16. Fractograph of the Mg3Zn1Ca alloy tested in 7-SBF solution at 37 °C at the strain

rate, 5.0 X 107" s™": (a) overall fracture surface, (b) fractograph showing transgranular cracking

(arrows)

Similar to the features for the AZ91D alloy, the fractography of the Mg3Zn1Ca alloy tested at
1.2 x 107 s also revealed the considerable pitting and localized corrosion along the

circumference (Fig. 4.17a) and transgranular cracking (Fig. 4.17b).

Fig. 4.17. Fractograph of the Mg3Zn1Ca specimen tested in 7-SBF solution at 37 °C at the

strain rate 1.2 X 107 s™" (a) overall fracture surface, (b) fractograph showing transgranular

cracking
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The SCC susceptibility indices for the AZ91D and Mg3Zn1Ca alloys at two strain rates are
presented in Table 4.2. At the strain rate of 1.2 x 10" s %, both the alloys showed considerably
greater SCC susceptibility (i.e. lower susceptibility indices) than at the higher strain rate of 5.0
x 107" s!, which is in agreement with the results reported by Dietzel et al. [110]. However,
there is also a definite trend of greater SCC susceptibility for the Mg3zZnlCa alloy as

compared to the AZ91D alloy at both the strain rates.

Table 4.2: SCC susceptibility indices for AZ91D and Mg3Zn1Ca alloys

Strain rate 5.0 x 10 " s ¢ Strainrate 1.2 x 10 " s¢
Alloy
Iscc (UTS) * Iscc (Sf) * Iscc (UTS) * Iscc (Sf) *
AZ91D 0.75+0.05 0.63 +0.03 0.51+0.05 0.36 £ 0.04
Mg3Zn1Ca 0.58+0 .07 0.55 +0.05 0.29 £ 0.02 0.28 £0.01

*Susceptibility indices are defined in Equations 3.1 and 3.2.

Similar to the AZ91D alloy, the slow strain rate tensile test on Mg3Zn1Ca alloy under cathodic
charging was also performed at the strain rate of 2.2 x 10~ s*. As shown in Fig. 4.18, the
specimen pulled at 200 mV negative to the open circuit potential (OCP) in m-SBF underwent
substantial reduction in UTS and time-to-failure (Fig. 4.18c) as compared to the specimen
pulled in air (Fig. 4.18a). However, the losses in mechanical properties (UTS and elongation-
to-failure) during cathodic charging experiment (Fig. 4.18c) were less as compared to the
specimen pulled in m-SBF at OCP (Fig. 4.18b). This suggested the combined mechanism of
HASCC and anodic dissolution to cause SCC also in the case of Mg3Zn1Ca alloy, as observed

in for the AZ91D alloy.
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Fig. 4.18. Stress vs. time plots of Mg3ZnlCa alloy in: (a) air (b) 7-SBF at open circuit
potential (OCP) and (c) 7-SBF under continuous cathodic charging at 200 mV (vs. SCE)

negative to OCP at the strain rate of 2.2 X 1077 s

In general, the transgranular SCC of magnesium alloys is reported to be associated with
conditions causing electrochemical breakdown or mechanical rupture of protective films at the
crack surface, which allows hydrogen to diffuse into the bulk of metal [35]. It is clear from the
SCC susceptibility indices (Table 4.2) that the Mg3Zn1Ca alloy is comparatively more
susceptible to SCC than the AZ91D alloy at a given strain rate. This can be attributed to the
greater susceptibility of Mg3Zn1Ca alloy to pitting and localized corrosion as compared to the
AZ91D (Figs. 4.4a, 4.5a, 4.16a and 4.17a). Also, the potentiodynamic polarization curves (Fig.
4.19) suggest that the cathodic current density is considerably higher for the Mg3Zn1Ca alloy
as compared to the AZ91D, which indicates greater propensity of the Mg3Zn1Ca alloy to
generate cathodic hydrogen. As a result, the Mg3Zn1Ca alloy may suffer greater hydrogen-

assisted stress corrosion cracking (HASCC) than the AZ91D alloy.
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Fig. 4.19. Potentiodynamic polarization scans for the AZ91D and Mg3Zn1Ca alloy in the 7-

SBF solution at 37 °C.

4.4

Conclusions

AZ91D alloy was found to be susceptible to SCC in the physiological environment. A
substantial decrease in mechanical integrity of AZ91D was observed in investigations
using SSRT testing in m-SBF solution.

Threshold stress intensity for SCC (Kiscc) of AZ91D alloy in m-SBF at 37 'C was
determined to be 5.18 MPa m?, using the CNT technique. The crack growth rates
were observed in the range of 10 - 10%° m/s and found to be increasing with the
applied stress intensity.

The Mg3Zn1Ca alloy was found to be more susceptible to SCC as compared to the
AZ91D at a given strain rate. The higher susceptibility of Mg3ZnlCa alloy in

comparison to AZ91D was attributed to its higher propensity towards localized
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corrosion/pitting, which provided an active bare surface for H to enter into the matrix,
causing greater hydrogen-assisted cracking. The SCC susceptibility also increased with
decreasing strain rate for both the alloys.

Common mode for SCC crack propagation of AZ91D and Mg3Zn1Ca alloys in m-SBF
was the transgranular cracking, which is consistent with the literature on SCC of
magnesium alloys in chloride solutions.

The SSRT experiments under cathodic charging conditions revealed the SCC
mechanism to be the combined effect of hydrogen-assisted stress corrosion cracking

and anodic dissolution for both the alloys.
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Chapter 5

5. SCC of aluminium-free biodegradable magnesium alloys in
the physiological environment

5.1 Introduction

As discussed in earlier chapters, magnesium and its alloys are attractive biodegradable
material because of their attributes of excellent biocompatibility, appropriate mechanical
properties and suitable electrochemical characteristics [1, 12, 13, 24, 59]. The most common
magnesium alloys generally contain aluminium (Al), such as AZ series alloys. However, due
to serious neurotoxic effects of Al [195], there has been an increasing interest in Al-free
magnesium alloys as the material of construction for biodegradable implant devices for short-
to-medium term applications [29-32]. In fact, some of these Al-free magnesium alloys have
successfully undergone animal trials and are currently being considered to be employed as
cardiovascular stents [32-34]. However, it is yet to be established whether these alloys possess
the desired resistance to cracking under the simultaneous influence of corrosive human body
fluid and mechanical loading. In this study, Al-free biodegradable magnesium alloys, ZX50,
Wz21 and WEA43, especially designed for temporary implant applications, were evaluated for
their resistance to stress corrosion cracking (SCC) in physiological environment. The alloys
Wz21 and WE43 are reported to meet the requirements of moderate and homogenous
degradation for stent applications [32, 196]. In addition, each of these alloys also exhibits high
ductility (uniform elongation of 17-30 %) and appropriate strength (ultimate tensile strength:
250-350 MPa), which is necessary for an alloy to serve as suitable stent material. Stents
require sufficient ductility for ease of fabrication and safe stent placement (ballooning requires

a uniform strain optimally > 15 %) and reasonable strength to offer adequate support to blood



vessel (i.e. ultimate tensile strengths > 250 MPa) [181, 197]. Temporary implants for
osteosynthesis also require good ductility for geometrical adaption by the surgeon [198].
Furthermore, these alloys have been shown to possess good cytocompatibility during both in-
vitro and in-vivo animal studies [32, 33]. The WE43 alloy was particularly chosen as a
reference alloy since it has already been employed for stent application and shown to meet
other requirements for implant applications [199]. However, the resistance to environmentally-

assisted cracking is one critical property that has not been characterized for these alloys.

In this chapter, the susceptibility to stress corrosion cracking of biodegradable and Al-free
magnesium alloys (2X50, WZ21 and WE43) has been investigated by slow strain rate tensile
(SSRT) testing under simulated physiological conditions. SCC susceptibility of these alloys
has been further confirmed by fractography. Also, an attempt has been made to explain the
variation in SCC susceptibility of these alloys on the basis of their electrochemical and

microstructural characteristics.

5.2 Experimental procedures

The details about nominal chemical compositions of the alloys, testing environment,
methodology for conducting SSRT testing and fractography have been provided in the

Chapter 3.

The open circuit potentials for ZX50, WZ21 and WE43 alloys were determined to be —1.52 V,

=1.77V and —1.91 V (vs. SCE), respectively.
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5.3 Results and discussion

5.3.1 Microstructure

The optical micrographs for WZ21, WE43 and ZX50 alloys are shown in Fig. 5.1. Alloys
exhibit fine-grained microstructures, with an average grain size of 7 um for Wz21, 15 um
for WE43 and 4 um for ZX50. The smaller grain size, especially for WZ21 and ZX50
alloys, have been attributed to the restriction effect of alloying elements on the grain
growth during solidification as well as grain boundary pinning by second phase particles
during extrusion [181, 197]. The microstructures have been further characterized in the
literature by the presence of second-phase particles, that are reported to be MggZns;Cay in
ZX50 [153], predominately MgioYZn in WZ21 [181], and MgioNd and MgisNd,Y in

WE43 [200].

Fig. 5.1. Optical microstrcture of as-received extruded magnesium alloys: (a) WZ21, (b)
WE43 and (c) ZX50
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5.3.2 Slow strain rate tensile (SSRT) testing

The stress vs. elongation plots for the ZX50, WZ21 and WE43 alloys under different
environmental conditions at the strain rate of 3.1 x 10" s * are shown in Figs. 5.2a, 5.2b and
5.2c, respectively. Table 5.1 compares a few mechanical properties of the alloys in air and m-

SBF.

Table 5.1: Summary of mechanical properties of ZX50, WZ21 and WEA43 alloys at the strain

rate of 3.1 X 107" s (duplicate tests)

In air In m-SBF
Alloy El i fail El i fail
ongation-to-failure ongation-to-failure
UTS (MPa) (%) UTS (MPa) %)
ZX50 3525+17.7 21.2+23 257.0+5.6 3.8+0.03
Wz21 2425+ 10.6 28.1 +0.17 166.2 + 10.2 7.7+05
WEA43 263.0+2.8 169+1.9 211.0+11.3 8.0+0.7

The alloys ZX50 and WZ21 show an excellent combination of strength and ductility when
tested in air. The enhancement in strength of these alloys has been attributed to the well-
known strengthening influence of fine grain size (Fig. 5.1) [153]. Grain refinement is also
reported to promote the non-basal dislocation modes of magnesium alloys [201], thereby,
simultaneously improving their ductility. However, the considerably reduced elongations
to failure (as suggested by the data in Table 5.1 and the plots in Fig. 5.2) indicate that each
alloy possibly suffered embrittlement when tested in m-SBF solution. The loss in

elongation to failure during testing in m-SBF was most pronounced in ZX50.
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condition at the strain rate of 3.1 X 107" s™' for alloys: (a) ZX50, (b) WZ21 and (c) WE43

97



In order to quantify the SCC susceptibility of each of the alloys, Iscc values were calculated
(as described in Section 3.2.1) based on the SSRT data in the corrosive environment (m-SBF)
and in an inert environment (air) presented in Table 5.1. The lscc data for each alloy are
summarized in Table 5.2. The Iscc for the WE43 alloy was relatively high compared to the
ZX50 and WZ21 (particularly on the basis of elongation to failure), which suggests that WE43
is the most resistant of the three alloys to SCC in m-SBF solution, whereas ZX50 alloy is the
least resistant. The lower resistance of ZX50 can be attributed to its higher susceptibility to
localized corrosion/pitting in physiological environment. A recent study by Kraus et al. [33],
that included animal trials and microfocus computed tomography (UCT), has demonstrated
ZX50 alloy to suffer severe localized corrosion within 1 week, whereas WZ21 underwent

uniform corrosion for up to 4 weeks.

Table 5.2: Iy indices for WZ21 and ZX50 alloys tested at a strain rate of 3.1 X 107" s™'

Iscc

Alloy i .
UTS Elongation to failure
ZX50 0.74£0.01 0.17+£0.01
wz21 0.68+0.01 0.29+0.01
WE43 0.79+0.02 0.44 +0.04

The susceptibility to SCC, as indicated by SSRT results, was confirmed by SEM fractography.
For this purpose, the fracture surfaces of the alloys were examined for distinct features of SCC

(i.e. transgranular/intergranular cracking).
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5.3.3 Fractography

The overall fracture surface of the WE43 alloy tested in air (Fig. 5.3a) shows homogenous and
fibrous features over the entire fracture surface. At a higher magnification (Fig. 5.3b), dimples
were found, indicating ductile failure by mechanical overloading. The fracture surfaces of the
Wz21 and ZX50 alloys tested in air revealed similar ductile features (i.e. dimples) over the

entire fracture surface.

Fig. 5.3. Fractograph of WE43 specimen tested in air: (a) overall fracture surface, and (b)

evidence of dimple formation

The fracture surface of the ZX50 alloy tested in the m-SBF is shown in Fig. 5.4. The specimen
strained in m-SBF showed significantly different features to those tested in air. Overall fracture
surface (Fig. 5.4a) of the specimen tested in m-SBF has two distinct regions: SCC zone and
mechanical failure zone. The features of these regions become clearer at higher
magnifications. Fig. 5.4b shows transgranular cracks (bright arrows) running from the
circumference confirming the occurrence of SCC. Fig. 5.4b also shows the transition from
SCC zone to mechanical overloading region. It is typical of an alloy susceptible to SCC that
when a critical SCC crack length is achieved, the mechanical overloading takes over in the

final stage of cracking, as evidenced from the dimple formation in Fig. 5.4c.
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Fig. 5.4. Fractograph of the ZX50 alloy tested in the 7-SBF solution at 37 °C: (a) overall
fracture surface, (b) transgranular cracking in the SCC zone (dark arrow indicates crack
propagation direction and bright arrows indicate areas of transgranular cracking) and (c)

mechanical failure zone showing the dimples

Fractographic features similar to those for the ZX50 alloy showing the transgranular cracking
in the circumferential areas were also observed in the case of the WZ21 alloy (Fig. 5.5) and
WE43 alloy (Fig. 5.6). However, for the WE43 alloy, the SCC region also displays areas with
features for intergranular cracking in addition to transgranular cracking (Fig. 5.6b). This mixed

feature is consistent with the fractographic evidences reported in the literature for rare-earth

100



containing magnesium alloys [18]. The intergranular crack propagation in WE43 alloy can be
attributed to the precipitates preferentially located at the grain boundary, which would
accelerate the electrochemical dissolution along the grain boundaries and cause some

intergranular SCC [18, 200].

Fig. 5.5. Fractograph of the WZ21 alloy tested in the 7-SBF at 37 °C: (a) overall fracture

surface, (b) evidence of transgranular cracking

Fig. 5.6. Fractograph of the WE43 alloy tested in the #-SBF at 37 °C: (a) overall fracture

surface, (b) evidence of transgranular cracking and intergranular cracking
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It is reported in the literature that the crack morphology is influenced by the grain size. For
fine grained magnesium alloys, SCC is exclusively transgranular, whereas, for coarse grained
magnesium alloys, SCC can be mixed transgranular and intergranular [36]. The fractography
results of this study are in agreement with the reported literature [36] as the fine grained
magnesium alloys, ZX50 and WZ21, undergo exclusive transgranular cracking (Fig. 5.4b and

5.5b) while significantly coarser alloy, WE43, undergoes mixed mode of failure (Fig. 5.6b).

5.3.4 Cathodic charging SSRT experiments

The predominant feature of transgranular cracking of magnesium alloys has generally been
attributed to the mechanism involving hydrogen, i.e. hydrogen assisted stress corrosion
cracking (HASCC) [35, 36]. The transgranular cracking observed in each alloy may be
attributed to the electrochemical breakdown or mechanical rupture of protective films, which
allows the evolved hydrogen to enter into the alloy matrix, eventually, causing the

embrittlement and premature fracture [35, 36].

Magnesium alloys corrode very quickly in chloride-containing solutions, including SBF
and generate considerable hydrogen due to the negative difference effect [69]. Magnesium
alloys also readily undergo pitting and localized corrosion. The decrease in mechanical
properties (elongation to failure and UTS) during the SSRT experiment at open circuit
conditions in the m-SBF solution (Fig. 5.2 and Table 5.1) can thus be attributed to general
and localized corrosion or HASCC or both. To ascertain the cause of SCC, a few SSRT
tests were performed on each alloy under continuous cathodic charging conditions (200
mV negative to the open circuit potential) in m-SBF solution, while the alloy sample was
continuously pulled at the strain rate of 3.1 x 10™" s *. Cathodic current densities were
also measured for WZ21 and WE43 during SSRT experiments under cathodic charging

conditions. The current densities were in the range of 0.5 - 1.5 A/lcm? for WZ21 and 2.5 — 3.5
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Alcm? for WE43 for most of the experimental duration (Fig. 5.7). Because the presence of
oxygen does not contribute to the cathodic kinetics during corrosion of magnesium alloys [6,
202], the only cathodic partial reaction for magnesium alloys is H* + e~ = H [64]. Higher
cathodic current density therefore corresponds to a greater hydrogen evolution. As seen in
Fig. 5.2, each of the three alloys underwent a substantial loss in elongation to failure and UTS
under the continuous cathodic charging conditions, which suggests the role of hydrogen in
premature cracking (i.e. HASCC). WE43 also showed considerably greater propensity for
generating atomic hydrogen (as evident from its relatively higher cathodic current density
throughout the experiment; see Fig. 5.7), possibly suggesting the highest contribution of
HASCC in the cracking of this alloy. In fact, it seems that HASCC is the predominant
cracking mechanism for WE43 even in the absence of cathodic charging, since the elongation
to failure was similar in the SSRT experiments with and without cathodic charging in the m-

SBF (Fig. 5.2¢).
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Fig. 5.7. Evolution of cathodic current density for WZ21 and WE43 during cathodic
charging SSRT experiments
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For each alloy, the maximum loss in UTS and the least elongation to failure (Fig. 5.2) were
observed in the case of specimens tested in the m-SBF under the open circuit condition (and
not under the cathodic charging conditions that provided maximum hydrogen), which indicates
a combined HASCC and anodic dissolution effects. A similar combined mechanism has been
reported for AZ91D and Mg3Znl1Ca alloys tested in the m-SBF (Chapter 4). However,
comparison of elongation to failure under the open circuit and cathodic charging conditions for
the three alloys (Fig. 5.2) have shown that the contribution of anodic dissolution was the least

for WE43 and much higher for ZX50 and WZ21 alloys.

The mechanism described above suggests the critical role of pits as the common stress-
intensity points and SCC initiation sites. The most favourable sites for localized anodic
dissolution (pitting) are the areas adjacent to the microstructural or electrochemical
heterogeneities, such as second phase particles, impurities and inclusions [35, 97]. Such
localized dissolutions also provide easier sites for hydrogen entry into the matrix which has
well established embrittling effect. Magnesium and its alloys can generate considerable
amount of hydrogen even at the open circuit potential (OCP) besides undergoing anodic
dissolution. At OCPs, the concomitant effect of anodic dissolution and hydrogen cause the
maximum reduction in elongation to failure for each alloy (Fig. 5.2). But, under cathodic
charging conditions, anodic dissolution is suppressed thereby suppressing the localized
pitting. Consequently, the reduction in elongation to failure was less pronounced for each
alloy in cathodic charging SSRT experiments as compared to the SSRT tests at OCP in m-
SBF (Fig. 5.2). There are a few hydrogen embrittlement models reported in the literature,
mainly hydrogen enhanced localized plasticity (HELP), hydrogen enhanced decohesion
(HEDE), delayed hydride cracking (DHC) and adsorption-induced dislocation emission
(AIDE). It will be interesting to indentify which of these operates in the present system.

However, it is clear that any measure to delay the localized dissolution (pitting), such as by
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employing the suitable coating, will retard both the dissolution and hydrogen-assisted

stress corrosion cracking.

SSRT testing is an accelerated laboratory technique for characterizing SCC. However, for
determination of the stress corrosion crack growth rate for predicting the service life of the
components susceptible to SCC, it is essential to conduct a fracture mechanics-based damage
tolerance design analysis (as discussed in Chapters 2, 3 & 4), which will also include
determination of K;scc. Such studies are particularly necessary because implant devices often

have sharp corners and protrusions, which can readily act as SCC initiators.

5.4 Conclusions

In this study, a few novel biodegradable magnesium alloys (ZX50, WZ21 and WE43) were
investigated using SSRT testing in order to evaluate their stress corrosion cracking
susceptibility in the physiological environment of m-SBF. The following general conclusions

may be drawn:

1) All the alloys revealed good mechanical properties when tested in air, which was
attributed to the fine grain size of the alloys. In contrast, each alloy suffered significant
embrittlement when tested in m-SBF, as suggested by a considerably lower elongation

to failure observed in m-SBF as compared to the air.

2) The ZX50 alloy was found to be more susceptible to SCC than WZ21 and WEA43,

which is consistent with its reported propensity towards localized corrosion.

3) Fractography confirmed the ductile failure in case of all the alloys when tested in air,
but also revealed the distinctive features of SCC, i.e. transgranular/intergranular

cracking when tested in the m-SBF.
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4) The SCC mechanism for these extruded alloys was the combined effect of HASCC and
anodic dissolution. The major contribution of SCC in WE43 alloy was from HASCC
due to higher magnitude of cathodic current density (i.e. greater cathodic hydrogen
generation), while the major contribution of SCC in WZ21 alloy was due to anodic

dissolution.
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Chapter 6

6. Novel graphene-calcium carbonate coating on AZ91D for
resistance to localized corrosion and assisted degradation in
mechanical property

6.1 Introduction

As described in Chapters 2, 4 and 5, magnesium alloys undergo accelerated corrosion in the
physiological environment and may lose their mechanical integrity during load bearing
applications primarily due to the phenomenon of SCC. It has been also established in Chapters

4 and 5 that Mg alloys are susceptible to SCC in human body fluid.

The most common way to improve the SCC resistance is to reduce the amount of aggressive
ions in the corrosive solution as well as the mechanical loading, both of which would not be
possible in the case of biomedical implant applications. However, development of corrosion
resistant alloys and surface modification with biocompatible coatings may be feasible
solutions for achieving desired level of corrosion/cracking resistance. Since choices of alloying
elements for developing biodegradable Mg alloys with good degradation resistance remain
limited, surface modification of Mg alloys with biocompatible coatings appears to be an
attractive alternative. As discussed in Chapter 2 (Section 2.8), several biocompatible coatings
based on calcium phosphate compounds (brushite, hydroxyapatite, octacalcium phosphate)
have been extensively applied on Mg alloys in order to improve their corrosion resistance and
biocompatibility. However, since these ceramic calcium phosphate compounds are brittle in
nature [51], it is highly probable that these coatings are likely to suffer disruptions during the

load bearing implant applications, thus exposing the substrate materials, and possibly leading



to accelerated localized corrosion and fracture. Therefore, it is attractive to explore advanced

synthetic biomaterials for depositing robust coatings on the biodegradable Mg alloys.

Calcium carbonates (CaCO3) and hydroxyapatites [Ca;o(PO,)s(OH),] are the widely studied
biominerals [51, 179, 203, 204]. The fabrication of biominerals that mimic the structure and
strength of bone or exhibit bone-forming ability is a topical subject in materials and
biomedical sciences. In recent times, graphene, an sp>-bonded carbon layer of graphite with a
thickness of single atom, has also triggered a widespread research interest due to its excellent
thermal, mechanical and electrical properties [172, 205]. It would also be highly desirable to
exploit the advantageous and exceptional properties of graphene in the field of biomedical
sciences. In this context, Nayak et al. [206] demonstrated that graphene can be used as a
biocompatible scaffold for the proliferation of human mesenchymal stem cells, even
accelerating their differentiation into bone cells. Accordingly, the notion of hybridization of
bone bioactive minerals (e.g., CaCOs, hydroxyapatite) with graphene can be of huge

importance in potential medical applications.

Graphene has been used in preparing high strength composite and electronic materials [207,
208], but the interaction of graphene with biominerals to form bioactive compounds is rarely
researched. In a very recent study, Kim et al. [178] successfully hybridized bioactive calcium
carbonate and graphene nanosheets and subsequently fabricated biocompatible, self-standing
hybrid films of graphene-CaCO; (vaterite - one of the thermodynamically most unstable
polymorphs of calcium carbonate [209]) by means of COy-injection. More importantly, they
also observed the formation of graphene-incorporated hydroxyapatite after incubation of the
prepared film in SBF solution (since the main component of the film, i.e. vaterite, is assumed
to be inorganic precursor for inducing the formation of carbonated apatite [210-212]). In
addition, the film composed of this hybrid material exhibited excellent cell viability and
proliferation rate, suggesting the novel prospects of utilizing graphene-based biominerals in

clinical and biomedical applications.
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Although, Kim et al. [178] were successful in developing the free standing graphene-CaCO3;
film, it was not yet investigated whether the similar film can be produced on the metal surface
as a coating with the intention of providing excellent biocompatibility, and possibly,
improving corrosion resistance. In the present work, the main aim was to develop a graphene-
calcium carbonate coating on a magnesium alloy, AZ91D, using an economical conversion
route. The conversion route for depositing coating also provides distinct advantages such as:
(i) ease of operation, (ii) ability to coat complex shapes such as screws, stents and pins, and
(iii) low cost and low temperature process. The electrochemical degradation kinetics of the
coating has been systematically investigated using electrochemical impedance spectroscopy
(EIS). Furthermore, it is reasonable to assume that the presence of the mechanically strong
graphene network, which promotes the formation of vaterite, may also help in improving the
SCC resistance in physiological environment. Therefore, the mechanical integrity of the

graphene-CaCOj; coated specimens has also been investigated in this study.

6.2 Experimental

6.2.1 Material and test environment

AZ91D alloy used in this study is described in Chapter 3 and its nominal chemical
composition is shown in Table 3.1. All the electrochemical and mechanical integrity tests were
carried out in the physiological environment of modified simulated body fluid (m-SBF) at a

temperature of 37° C.
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6.2.2 Coating method

Before the coating process, the rectangular coupons (3 cm x 2 cm x 0.4 cm) of AZ91D were
sectioned from the as-cast billet. The specimen coupons were ground progressively on SiC
papers up to 2500 grit followed by rinsing with acetone and de-ionized water before coating

deposition.

The graphene oxide (GO) solution (~ 0.16 wt. %) was prepared using modified Hummers’
method [213, 214] followed by ultrasonication for 1 hour and centrifugation at 3000 rpm for
30 minutes. In the mean time, 0.3 M calcium chloride dihydrate (CaCl,.2H,0) solution (180
mL) was mixed with 0.6 M ammonium hydroxide (NH4OH) solution (120 ml). The prepared
GO dispersion (180 mL) was then added to this solution mixture followed by a vigorous
stirring. The pH of the coating bath was 11.7. Rectangular coupons of AZ91D were then
immersed in the final solution mixture for 1 h at room temperature. While the specimens were
immersed in the coating solution, carbon dioxide (CO,) gas was purged with a flow rate of
~ 1 L/minute to facilitate the formation of GO-CaCQO; coating on AZ91D. During the coating
deposition, the solution was also stirred slowly at 120 rpm. The resulting GO-CaCO; coated
specimens were immersed in a reducing mixture of 0.15 mL of hydrazine (35 wt %), 1.05 mL
of NH,4OH (0.28 wt %) and 300 mL of water at 95 °C for 1 h. This reduction of GO-CaCOs
coated specimens resulted in the formation of graphene-CaCOz; composite coating on the

AZ91D.

As a control, only-CaCO; coating (i.e. without graphene) was also developed on the AZ91D
using the same process where CO, gas was purged for 1 h into the reaction mixture of CaCl,
and NH,OH without GO sheets. After coating deposition, coated specimens were heated in an

oven at 95 °C for 1 h.
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6.2.3 Coating characterization

The coating morphology was characterized using the JEOL 7001F scanning electron
microscope (SEM) operating at 15 keV. The chemical constituents of the deposited coating
were analysed by X-ray diffraction (XRD) using Cu K, line generated at 40 kV and 25 mA at a

scan rate of 2°/ minute and a step size of 0.02°.

For characterization of carbonate structure present within the coating, attenuated total
reflectance-Fourier transformed infrared spectra (ATR-FTIR) were collected in the wavelength
range of 600-2500 cm™' using the PerkinElmer spectrum 100 series spectrometer. For each

specimen, 128 scans were performed with a spectral resolution of 8 cm™.

The presence of graphene in the graphene-CaCO; coated specimen was confirmed using
Raman spectroscopy. Raman spectra were obtained using a Renishaw Confocal micro-Raman
Spectrometer equipped with a HeNe (632.8 nm) laser operating at 10 % power. Extended
scans (10 s) were performed between 100 and 3200 wave numbers with a laser spot size of

1 pm.

6.2.4 Electrochemical testing

In order to systematically investigate the corrosion kinetics of different specimens (bare
specimen, graphene-CaCO; coated and only-CaCO; coated), electrochemical impedance
spectroscopy (EIS) and potentiodynamic polarization scans were performed in m-SBF solution
at 37 °C. The details of these electrochemical characterization techniques have been described

in Chapter 3, Section 3.3.

6.2.5 Post-corrosion analysis

Post-corrosion morphologies of the coated specimens were observed under the JEOL 7001F

scanning electron microscope as described in Chapter 3, Section 3.4.
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6.2.6 Mechanical integrity of coated specimens

The conventional slow strain rate tensile testing, where straining is applied while a specimen is
immersed in a corrosive solution (that was extensively employed for SCC testing, as discussed
in Chapter 4 and 5), may not be suitable for evaluating the SCC susceptibility of a coated
system. Since SSRT is an accelerated laboratory testing (due to fast dynamic loading), coating
may quickly crack/break during testing. Consequently, the effect of coating on the mechanical
integrity of the alloy cannot be studied. Accordingly, for evaluation of the mechanical integrity
of the graphene-CaCO; coated alloy in this study, coated samples were first immersed in the
m-SBF solution for 120 h, and then subjected to immediate straining in air at a strain rate of
3.1 x 107 s7'. Ultimate tensile strength (UTS) for pre-immersed specimens pulled in air was
used as a parameter for evaluating the susceptibility to SCC. As mentioned in Chapter 2,
corrosion deteriorates the mechanical integrity of Mg alloys; the pre-exposure time was

therefore chosen to be sufficiently long to cause the visible corrosion on the specimen surface.

For the comparison purpose, the similar pre-exposure followed by straining in air was also

performed on the bare specimen.

6.3 Results and discussion

6.3.1 Coating characterization

The macrographs of the graphene-CaCO; coated and only-CaCOj3; coated specimens are shown
in Fig. 6.1. The graphene-CaCO;3 coating on AZ91D appeared to be light grey in colour while
a brown coloured surface appearance was observed in the case of only-CaCO; coated alloy

(i.e., coating produced without any graphene oxide solution in the coating bath).
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Fig. 6.1. Surface appearance of: (a) graphene-CaCOj coating and (b) only-CaCOj; coating, on
AZ91D

The overall SEM morphology of the graphene-CaCOj; coating deposited on AZ91D is shown
in Fig. 6.2a. The cracks in the coating are primarily the result of dehydration due to presence
of high vacuum in the SEM chamber [215]. The alloy surface was mineralized by the unstable
polymorph of calcium carbonate, which are of spherical shape (i.e. vaterite), as shown in Fig.
6.2b. The spherical CaCO; (vaterite) were interconnected by a dispersed graphene network
(Fig. 6.2b). It is favourable to form thermodynamically unstable polymorph of calcium
carbonates, i.e. vaterite phase (hexagonal crystal that typically grows in a spherical form),
rather than the formation of stable calcite phase with rhombohedral crystalline structure that
does not undergo any further phase transition in aqueous solution [216]. The cross sectional
microscopy of the graphene-CaCO; coated specimens revealed the coating thickness to be ~ 7-
10 um, and suggested a reasonable coating adherence to the alloy substrate (Fig. 6.2c). In
contrast, the only-CaCO; coating (without any graphene) deposited on AZ91D shows a
predominant presence of rhombohedral calcite crystal (Fig. 6.2d) and just a few vaterite
microspheres. This also suggests that the presence of GO/graphene network in fact stabilized
the vaterite phase. The stabilization of vaterite microspheres in graphene-CaCOj; coating is
attributed to the high mechanical strength of the GO network surrounding vaterite, which will
retard their crystal growth and morphological transformation into rhombohedral calcite phase
[178]. Furthermore, it has been reported that carboxyl-functionalized carbon nanotubes (CNT—

COOH) can favour the formation of vaterite phase through the strong electrostatic interaction
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between carboxyl groups of CNT-COOH and metallic Ca®* ions, thus making the dissolution
of vaterite spheres difficult [217]. It is reasonable to infer in this study that the
thermodynamically unstable vaterite microspheres could be similarly stabilized by wrapping
with GO sheets due to favourable electrostatic interaction between Ca®" in vaterite and
functional groups (such as hydroxyl, epoxy, carboxylic acid, and carbonyl) of GO sheets [178,

179, 218, 219]

Fig. 6.2. (a) Overall SEM morphology of graphene-CaCOj coating, (b) a higher magnification
SEM image showing the wrapping of vaterite microsphere by a graphene network, (c) cross
sectional microscopy of graphene-CaCOj coating on AZ91D, and (d) SEM morphology of

only- CaCOj (calcite) coating formed on AZ91D alloy in absence of the graphene network

XRD scans for the graphene-CaCOs, only-CaCOj; coated specimens and bare AZ91D are

shown in Fig. 6.3. The peaks at 32.7, 41.7 and 43.8° for vaterite (ICDD PDF card number 033-
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0268) were clearly shown in the spectra for graphene-CaCOj; coated specimen as compared to
the peaks at 29.4 and 48.5° for rhombohedral calcite (ICDD PDF card number 047-1743) in

only-CaCOj coated specimen.
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Fig. 6.3. XRD scans of graphene-CaCO; and only-CaCOj; coated specimens as compared to
the AZ91D substrate

Further investigations by ATR-FTIR spectroscopy on the graphene-CaCO; coated specimens
demonstrated the carbonate absorption near 872 cm™' and the split band at around 1400-1485
cm™' by an asymmetric stretch of carbonate, confirming the presence of carbonate groups
within the structure (Fig. 6.4a). Raman spectroscopy was performed in order to confirm the
presence of graphene network in the graphene-CaCOj; coated AZ91D specimens, as shown in
Fig. 6.4b. It revealed signature peaks of the D band (disorder band caused by the graphite
edges) at 1345 cm ' and G band (in-phase vibration band of graphite lattice) at 1590 cm™',

suggesting the discontinuous presence of graphene network on the coated AZ91D specimens

[220].
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Fig. 6.4. (a) FTIR and (b) Raman spectra of graphene-CaCOj; coated specimen

6.3.2 Electrochemical corrosion

The kinetics of time-dependent electrochemical degradation of the graphene-CaCOj; coated
AZ91D was studied using electrochemical impedance spectroscopy (EIS). Fig. 6.5 presents the
evolution of impedance spectra (Nyquist plots) of the graphene-CaCO; coated AZ91D alloy
after immersion for different durations as well as the bare specimen after 2 h of immersion in
m-SBF. The Nyquist plots for the coated and bare alloy consist of two capacitive loops. The
capacitive loop in the higher frequency range relates to the charge transfer processes, whereas
the loop in the intermediate/lower frequency range corresponds to the mass transfer processes
[188]. The polarization resistance is determined by combined diameter of both the capacitive
loops [176]. On this basis, it is evident that the polarization resistance of the graphene-CaCO;
coated specimens is ~ 3 times greater than the bare AZ91D even after 120 h of immersion in
m-SBF. The combined as well as the individual diameter of the coated specimen increased
gradually with an increase in immersion time till 24 h (Fig. 4), indicating a gradual
improvement in corrosion resistance provided by the graphene-CaCO; coating. This
improvement in the polarization resistance till 24 h can possibly be attributed to the subsequent
transformation of graphene wrapped vaterite spheres into the carbonated hydroxyapatite, as

discussed in a following section.
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Fig. 6.5. Evolution of Nyquist plots for the graphene-CaCOj; coated AZ91D in »-SBF for

different durations

The impedance data of the bare AZ91D after 2 h of immersion and graphene-CaCO; coated
alloy after different durations of prior immersion are also shown in Bode impedance plots
(Figure 6.6a). In the Bode impedance plot, the magnitude of impedance at the lowest
frequency represents the polarization or corrosion resistance. It is also noted from Bode
impedance plots (Figure 6.6a) that the impedance of the graphene-CaCOj; coated specimen at
the lowest frequency is ~3 times higher than the bare AZ91D even after 120 h of immersion.
The phase angle plots (Figure 6.6b) indicate two time constants for all the cases, one appearing
at intermediate/higher frequency range (~10 - 100 Hz), while other at lower frequency (~ 0.1 -
1 Hz). The two time constants arising in case of the coated specimen may be attributed to the
presence of two interfaces, i.e., the graphene-CaCOj; coating/solution interface and the
metal/solution interface. This is consistent with several other coated metal systems [221-225].
The presence of the two time constants in case of the bare alloy indicates the development of a
film (presumably Mg(OH),) and thus two interfaces, i.e., the film consisting of corrosion

products/solution interface and the metal/solution interface.
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Fig. 6.6. (a) Bode impedance and (b) Bode phase plots for the graphene-CaCO; coated

specimen after different immersion periods in 7-SBF (immersion period was 2 h for bare

AZ91D)

For quantitative determination of characteristic coating parameters such as capacitance,
resistance etc., it is essential to simulate the experimental EIS data using an appropriate
equivalent electrical circuit (EEC) based on a hypothetical corrosion mechanism. The
following three main criteria should be fulfilled while choosing the EEC: (i) it should represent
the hypothetical corrosion mechanism of the system, (ii) it should have low chi squared value,

and (iii) it should have minimum total error and relative error in calculation of individual
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parameters [188]. The EEC with two time constants, as shown in Figure 6.7, was used to
simulate the experimental impedance data. The nested EEC was specifically chosen because of
interconnected nature of the coating porosity, as is often reported in the case of the coated

alloy systems [222, 223].

Qg
—
—— . -
—
- mam n
Rdl

Fig. 6.7. The EEC used for simulation of experimental EIS data

In this EEC, Rs is the solution resistance and the surface film (graphene-CaCOj; coating) is
represented by a parallel combination of the constant phase element (CPE), Qg and the film
resistance, Ry. The electrical double layer is represented by another CPE, Qg and a charge
transfer resistance, Ry In the simulation of experimental data, the CPE behaviour is generally
attributed to the distributed surface reactivity, roughness, electrode porosity [188, 222].
Figures 6.8a and 6.8b show the fitting of simulated data with experimentally observed data for
the graphene-CaCO; coated specimen after 2 h and 120 h of immersions, respectively. As
evident from the Figures 6.8a and 6.8b, the experimental plots match well with the simulated
data in the frequency region between 0.1 Hz and 100 kHz. The total error in impedance
measurement in the simulation of the experimental data, when using the EEC shown in Fig.
6.7, was less than 7 % for all the experiments. The associated chi square values were also

relatively low.
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Fig. 6.8. Curve fitting of experimental and simulated Bode plots for the graphene-CaCO,

coated specimen after: (a) 2 h of immersion and (b) 120 h of immersion in #-SBF

The temporal evolutions of the Qg, Ry, Qu and Ry for graphene-CaCO; coated specimen with
different immersion time are shown in Fig. 6.9. The Ry values for graphene-CaCO; coated
specimen increase with increasing immersion period till 24 h, but decrease slowly for the

immersion between 24 h and 120 h, suggesting a gradual degradation of the coating after 24 h
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(Fig. 6.9a). This behaviour is also complemented with simultaneous decrease in CPE, Qq, till
24 h immersion, while an increase is observed between 24 h and 120 h immersion (Fig. 6.9b),
suggesting the availability of more conductive pathways through coating for the electrolyte
ingress at the coating/solution interface during 24 h - 120 h immersion in m-SBF. Similar

behaviour was also observed in the case of Ry and Q.
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Fig. 6.9. Temporal evolution of different parameters for the graphene-CaCOj; coated

specimen after different immersion periods in 7-SBF

In contrast, the only-CaCO; coating produced on AZ91D did not provide any appreciable
improvement in polarization resistance (as shown in Nyquist and Bode impedance plots in the
Fig. 6.10). In fact, the polarization resistance of the only-CaCOj3; coated specimen was even

lower than that for the bare AZ91D (at all immersion periods in m-SBF).
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Fig. 6.10. Evolution of (a) Nyquist plots and (b) Bode impedance plots for the only-CaCO,
coated AZ91D after different immersion periods in 7-SBF at 37 °C

The potentiodynamic polarizations scans for bare AZ91D after 2 h of immersion and
graphene-CaCOj; coated specimens (after 2 h and 120 h of immersion in m-SBF) are shown in
Fig. 6.11. The both cathodic and anodic current densities for graphene-CaCO; coated
specimens are considerably lower as compared to the bare specimen for both 2 h and 120 h of
immersions in m-SBF. A considerable decrease in cathodic current densities observed in case
of the graphene-CaCO; coated specimen (for both 2 h and 120 h of immersion in m-SBF)
suggests a reduced cathodic hydrogen evolution, which is one of the major concerns in using
the magnesium alloys as implant materials [24, 76]. Moreover, the less hydrogen evolution

during the initial period may allow implants to maintain their mechanical integrity in the
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crucial initial bone healing phase. It is also noted that the corrosion potential for the graphene-
CaCOg coated specimen after 120 h of immersion shifted considerably towards more noble
direction (200 mV nobler than bare AZ91D), which could possibly be the result of formation
of lath like hydroxyapatite after 120 h of immersion (discussed in Section 6.3.3).
Potentiodynamic polarization results are in agreement with the EIS results shown in Nyquist

and Bode plots (Fig. 6.5 and 6.6).
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Fig. 6.11. Potentiodynamic polarization scans for the graphene-CaCOj; coated and bare

specimens tested in 7-SBF at 37 °C

6.3.3 Post-corrosion morphologies

The macrographs of the coated specimens and bare alloy after a specific period of immersion
are shown in Fig. 6.12. The surface of graphene-CaCO; coated specimen after 120 h of
immersion in m-SBF appeared to be quite uniform and homogenous (Fig. 6.12a), whereas the
only-CaCO; coated specimen showed a few localized corrosion attacks (arrows) after 72 h of

immersion in m-SBF (Fig. 6.12b). Fig. 6.12c shows the corroded surface of bare AZ91D
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specimen immersed in m-SBF for 120 h and revealed severe localized corrosion and pitting

(indicated by an ellipse).

Fig. 6.12. Macrographs of: (a) graphene-CaCOj; coated specimen after 120 h of immersion in
m-SBF, (b) only-CaCOj coated specimen after 72 h of immersion in #-SBF, and (c) bare
AZ91D after 120 h of immersion

The morphology of the graphene-CaCO; coated specimen immersed in m-SBF for 24 h
revealed the transformation of vaterite microspheres (Fig. 6.2b) into needle shaped lath like
structures (Fig. 6.13a). This lath like structure has been reported to be carbonated
hydroxyapatite [178, 210, 211]. The higher polarization resistance achieved in case of
graphene-CaCOj3 coated specimen during electrochemical testing after 24 h immersion in m-
SBF could be attributed to this transformation of vaterite into carbonated hydroxyapatite. This
morphology was maintained even after 120 h of immersion in m-SBF in the case of the
graphene-CaCO; coated specimen (Fig. 6.13b). Furthermore, it is assumed that the in-vitro
bone bioactivity with application of graphene-CaCO; coating will increase because of the
transformation of graphene wrapped vaterite spheres into carbonated hydroxyapatite after
exposure to the m-SBF. Since vaterite is highly soluble in aqueous solution (log Ks =—7.91, at
25 °C) [209], it dissolves in the physiological environment according to the reaction: CaCO3; =
Ca*" + CO4*". The dissolution of vaterite is suggested to increase the concentration of Ca*",
which combines with PO,* available from the m-SBF, to nucleate hydroxyapatite on the
sphere surface [210]. Carbonated hydroxyapatite is also reported to be highly biocompatible

and similar to natural bone mineral [226]. Hence, the development of this coating on
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magnesium alloys might be very promising in applications such as treatment of bone defects

and bone degenerative diseases.

Fig. 6.13. Post-corrosion SEM morphology of: (a) graphene-CaCOj coated specimen after 24
h of immersion in 7-SBF (b) graphene-CaCOj coated specimen after 120 h of immersion in

m-SBF, and (c) only-CaCOj; coated specimen after 72 h of immersion

In contrast, no apatite formation was observed in the only-CaCOj3 coating during incubation in
m-SBF solution for 72 h (Fig. 6.13c), which could be attributed to the lower solubility and
thermodynamic stability of rhombohedral calcite (the main component of only-CaCO; coating)

that does not undergo any phase transformation in the physiological environment [209].

In order to have an appreciation for the long term corrosion protection provided by the
graphene-CaCOj coating in m-SBF, the polarization resistances for the bare AZ91D, only-

CaCOg; and graphene-CaCO3 coated specimens after different periods of immersion were
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plotted in Fig. 6.14. At any given immersion time, the polarization resistance observed in
the case of the graphene-CaCO3 coated specimen was considerably higher than the other

specimens (bare AZ91D and only-CaCOg3 coated specimen).
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Fig. 6.14. Evolution of polarization resistance of graphene-CaCO, and only-CaCO; coated
specimens in comparison to the bare AZ91D in 7-SBF solution after different immersion

durations

In general, the problem of localized corrosion/pitting is believed to be one of the major
challenges in the use of magnesium alloys as biomaterials for construction of temporary
implant devices [8]. Pitting is also known to initiate stress corrosion cracking in magnesium
alloys [36]. However, as evident from Fig. 6.12 and 6.13, it is inferred that the application of
graphene-CaCO; coating on AZ91D prevents the localized corrosion/pitting of the substrate
after immersion in m-SBF solution, as a result of the formidable corrosion barrier effect of the
coating (by inducing the carbonated apatite). The suppression of localized corrosion and
pitting may also play a pivotal role in improving the mechanical integrity of the AZ91D in m-

SBF solution.
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6.3.4 Mechanical integrity of the coating

As discussed in previous sections, the graphene-CaCO; coating not only induced the formation
of phases that improve biocompatibility, such as carbonated hydroxyapatite during exposure to
m-SBF, but also provided long term corrosion protection and suppressed localized pitting. Less
probability of localized pitting due to application of this coating and presence of graphene
network in the coating may also enhance mechanical integrity/SCC resistance of the AZ91D in
load bearing conditions. In the present study, the mechanical integrity of the coating was
evaluated by first immersing the coated tensile specimens in m-SBF for 120 h, followed by
straining in the air at 3.1 x 10" s™*. As a control, two other experiments were also performed:
(i) bare AZ91D was directly pulled in air and (ii) bare AZ91D was pre-immersed in m-SBF for

120 h followed by straining in air at the strain rate of 3.1 x 10" s .

The macrographs of the gauge lengths of the tensile specimens of graphene-CaCOj; coated and
uncoated alloy before and after the immersion in m-SBF are shown in Fig. 6.15. The uncoated
sample after 120 h of immersion in m-SBF revealed significant localized corrosion attack and
severe pitting, as identified within an ellipse in Fig. 6.15b. In contrast, the graphene-CaCO;
coated specimens showed a homogenous/uniform degradation over the entire gauge length
(Fig. 6.15d). These pre-immersion results also corroborated the electrochemical testing results

as discussed in Section 6.3.2.
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Fig. 6.15. Macrographs of the gauge length of the coated and uncoated tensile specimens

before and after immersion in 7-SBF solution

The UTS values of the graphene-CaCO; coated and uncoated samples pulled in air at strain
rate of 3.1 x 10" s* (after pre-immersion in m-SBF) are represented in Fig. 6.16. For
comparison, the UTS of the uncoated specimen without pre-exposure was also determined.
The unexposed specimens tested in air exhibited an average UTS value of 162 MPa. The
coated specimens had an average UTS value of 126 MPa after pre-immersion, whereas the
uncoated specimens after pre-immersion exhibited an average UTS of only 96 MPa. On the
basis of the UTS data, the uncoated specimens after pre-immersion in m-SBF could only retain
58 % of the mechanical strength of the uncoated, unexposed alloy, whereas the graphene-

CaCOgs coated alloy retained ~18 % higher strength.
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As reported in Sections 2.5 and 2.6 of Chapter 2, localized corrosion, especially pitting,
strongly influences the mechanical integrity of Mg alloys since the pits can act as stress risers
and expose bare, film-free and active Mg surface [35, 36]. Moreover, as shown in Fig. 6.15b,
Mg and its alloys undergo pitting corrosion in the physiological environment that has
considerable chloride content [16, 72]. Localized Mg dissolution not only enhances the
chances of anodic dissolution-assisted stress corrosion cracking but also paves the way for
hydrogen to enter into the metal causing hydrogen embrittlement, as established in Chapter 4
and 5 as well as in the literature [36]. Nevertheless, graphene-CaCO; coating significantly
reduced the susceptibility of the alloy towards localized corrosion/pitting (Fig. 6.12). Hence,
the use of the biocompatible coating of graphene-CaCO; can considerably decrease the
localized corrosion/pitting susceptibility of a Mg alloy and thereby decrease the probability of
hydrogen entry into the matrix. Thus, the graphene-CaCO3 coating can improve the resistance

to SCC of Mg alloys in the physiological environment.
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In summary, the results of this study suggest the use of graphene-CaCOj3; coating on AZ91D to
be very promising in biomedical applications. This coating has potential not only for providing
the long term corrosion protection in the physiological environment but also for improving the
in-vitro bone biocompatibility by inducing the formation of bone apatite. Moreover, as
discussed, the presence of strong graphene network and the suppression of localized corrosion
may lead to the improved mechanical integrity/SCC behaviour in load bearing implant

applications.

6.4 Conclusions

The application of graphene-CaCOj3; coating on AZ91D provided three-fold advantages of long
term corrosion resistance, excellent biocompatibility and improved mechanical integrity as

discussed below:

e The graphene-CaCO; coating was successfully synthesized on AZ91D using an
economical conversion route at room temperature.

e The presence of dispersed graphene network facilitated the formation of
thermodynamically unstable form of calcium carbonates, i.e. vaterite on the AZ91D
surface.

e Electrochemical results indicated that the graphene-CaCO; coating acted as a corrosion
barrier for AZ91D and provided a durable corrosion protection in m-SBF. The
graphene-CaCO3 coated specimens showed ~3 times higher corrosion resistance as
compared to bare specimen even after 120 h of immersion in m-SBF.

e Post corrosion morphology revealed the transformation of graphene wrapped
vaterite microspheres into the carbonated apatite after incubation in m-SBF, thus

leading to an improved bone bioactivity of the graphene-CaCOj3 coated AZ91D.

130



e It was also observed that the application of graphene-CaCO; coating prevented
localized corrosion/pitting of AZ91D in physiological environment.

e Mechanical integrity of the coated specimen was improved by ~18 %, mainly as a
result of the suppression of localized corrosion/pitting of AZ91D due to application of

the coating.
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Chapter 7

7. Overall conclusions and future work

7.1 Overall conclusions

The major outcomes of this thesis are presented below:

Magnesium alloys were found to be susceptible to SCC in the physiological
environment of m-SBF. The significant reduction in mechanical integrity was observed
in both AZ91D and Mg3Zn1Ca alloys when tested in m-SBF as compared to air. The
SCC susceptibility increased with decreasing strain rate. The predominant mode for
SCC crack propagation in both the alloys was transgranular cracking. The SSRT
experiments under different environmental conditions suggested the SCC mechanism
to be the combined effect of hydrogen assisted stress corrosion cracking (HASCC) and
anodic dissolution. The Mg3Zn1Ca alloy was found to be more susceptible to the SCC
at a given strain rate as compared to the AZ91D alloy, which was attributed to a

greater propensity of the Mg3Zn1Ca alloy to generate cathodic hydrogen.

The important design parameter for quantitative characterization of SCC (i.e. Kiscc)
was determined for the AZ91D alloy in the physiological environment using
circumferential notch tensile (CNT) testing. The threshold stress intensity for stress
corrosion cracking (Kscc) for AZ91D in m-SBF at 37 °C was determined to be 5.18
MPa m¥2. The crack growth rates were observed in the range of 10° - 10° m/s, and
found to be increasing with the applied stress intensity. Common mode for SCC crack
propagation in AZ91D during CNT testing was transgranular cracking, which was
consistent with the literature on SCC of Mg alloys in chloride environments. As

demonstrated in this study, it will be possible to calculate the life of implants of



magnesium alloys using the stress intensity-crack growth relation. The flaw-tolerant
design assessment, such as by the CNT testing of the implant devices (that may have a
pre-existing fine crack), will provide a crucial information on whether the existing

crack will be tolerable for the given service time of the device.

Recently developed novel biocompatible and biodegradable Al-free extruded Mg
alloys, Wz21, ZX50 and WEA43, were evaluated for their resistance to SCC in m-SBF
using SSRT testing. All the alloys revealed excellent mechanical properties when
tested in air, which was attributed to the fine grain size of the alloys. In contrast, each
alloy suffered significant embrittlement when tested in m-SBF, as suggested by a
considerably lower elongation-to-failure observed in m-SBF as compared to the air.
The ZX50 alloy suffered greater SCC as compared to the WZ21 and WE43, which was
attributed to its higher propensity towards localized corrosion/pitting in m-SBF. The
SCC mechanism for these extruded alloys was the combined effect of HASCC and
anodic dissolution, as was also reported for AZ91D and Mg3Zn1Ca. The major
contribution of SCC in WE43 alloy was from HASCC due to higher magnitude of
cathodic current density (i.e. greater cathodic hydrogen generation), while the major

contribution of SCC in WZ21 alloy was due to anodic dissolution.

A novel biocompatible graphene-CaCO; coating was successfully developed on
AZ91D using an economical conversion route. The coating not only provided the long
term corrosion protection (e.g. polarization resistance for the coated specimen was ~3
times higher than the uncoated specimen even after 120 h of immersion in m-SBF) but
also generated the chemical features that are known to improve biocompatibility, i.e.
formation of the carbonated apatite after incubation in m-SBF. The graphene-CaCO;
coating also played an important role in reducing the localized corrosion and pitting of

AZ91D in m-SBF, thus improving the mechanical integrity of the alloy.
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7.2 Future work

There are many aspects of the evaluation of mechanical integrity and/or environmentally-

assisted cracking of biomedical magnesium alloys, which were beyond the scope of this study,

but are important to examine in order to obtain a more comprehensive understanding. Some of

these are listed below:

The premature failures of metallic biomaterials are frequently associated with the
cyclic stresses that are often experienced by implant devices (e.g. cardiovascular
stents). The synergistic presence of cyclic stresses and corrosive physiological
environment can cause corrosion fatigue. The characterization of corrosion fatigue of
such potential biodegradable Mg alloys would be of major importance before their

actual use.

There have been only a few studies on the phenomenological modelling for correlation
of SCC and crack growth rate and various environmental, electrochemical and
mechanical parameters for Mg alloys. In fact, the phenomenological understanding of
hydrogen-assisted stress corrosion cracking based on hydrogen diffusivity and
permeability data on the alloy surface and the hydrogen distribution around the crack

tip will be necessary for a more complete understanding of SCC of Mg alloys.

In addition to the crack growth rate determination (as conducted by CNT testing in the
present study), SCC crack initiation studies could be performed with the help of other
analytical techniques (such as direct current potential drop (DCPD)) in combination
with CNT testing. CNT testing could also be performed on other biocompatible Mg

alloys, i.e. WZ21 and ZX50.

All the testing in this study was performed in the m-SBF, which contains only the

inorganic portion of the blood plasma. However, it would be essential to evaluate the
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influence of organic components such as glucose/proteins on corrosion behaviour of
the alloys, and thus possibly the effect of such organic compounds on the SCC of the
alloy. A systematic analysis of ion release into the physiological system during the

corrosion process under stressed conditions could also be investigated.

The application of graphene-CaCO; coating on the potential Al-free biodegradable
magnesium alloys have not been investigated in this study. In addition, the cell culture
and cytotoxicity analysis were also beyond the scope of the present study. A thorough
characterisation of the graphene-CaCO3; coating using X-ray photoelectron
spectroscopy (XPS) may provide a deep mechanistic understanding of the corrosion

processes of the coated alloy.
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